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ABSTRACT

Hot tensile tests have been performed on a variety of plain
carbon and micro-alloyed steels, in order to determine the
influence of such factors as phase transformation, grain size

and precipitation on hot ductility. The Y- phase trans-
formation has been shown to produce a significant ductility
trough in the high temperature tensile behaviour of plain C
steels, and factors which alter the A. temperature, such as
cooling rate and C content, have been”shown to produce a

change in the temperature at which the ductility trough occurs.
This ductility trough is due to strain concentration in the
ferrite films surrounding the grains, leading to intergranular
failure. It has also been shown that an iacrease in grain size
can increase the depth and width of this ductility trough. For
plain C steels with a C content of 0.35% or above, and for some
micro-alloyed Steels, a ductility trough may also be present in
the single phase austenite region. For the plain C steel, this
is. believed to be due to the increase in activation energy for
deformation associated with increasing C contents. In micro-
alloyed steels, the trough is due to the retardation of dynamic
recrystallization associated with the presence of fine carbide
and/or nitride brecipitates, which allows intergranular cracks to
develop. The depth and width of this ductility trough is
primarily dependent on the size and amount of precipitates present,
although it has been shown that grain size has a secondary eff§ct-
In  C-Mn-Nb-a1 steels, factors which tend to reduce hot ductility
by reducing precipitate size and/or increasing the amount of
brecipitate present include the reheating of tensile samples cast
"in-situ', the introduction of temperature oscillations during
Cooling from solution temperature, and the presence of large
amounts of'dynamic' precipitates formed during tensile testing.
In C-Mn-V-Al steels, 'dynamic' precipitates do not have such an
adverse effect. Strain rate was also shown to have an important
influence on hot ductility, and decreasing strain rates have been

shown to reduce hot ductility in both plain carbon and micro-alloyed
steels,
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In recent yezrc, the amournt of steel procucsd by tne fontinucud
casting route hzs increased dramatically, &35 shown in Fig. 1.7,

As with any other casting process, continuous castirg can lead to
the formation of g wide variety of defects in the solidified slab.
(Brimacombe and Sorimachi, 1977) Therefore, as the tonnage of
steel produced by continuous casting increases it becomes more
important to gain an understanding of the formation of these
defects, in order to prevent their occurrence.

One such defect is known as transverse cracking, described in
section 2.2. These cracks are particularly deleterious, since
they form at the slab surface, and hence cannot weld up during
Subsequent rolling. 1In some cases, the cracking can be so severe
that an entire slab must be scrapped. These problems have
resulted in intensive study of transverse cracking over the last
decade, and these studies have shown that particular grades of

Steel are especially susceptible to this form of cracking. For
€Xample, experience at BSC Ravenscraig Works has shown that

BS 4360: grade 50D steels are particularly prone to cracking.

These steels contain small additions of Nb and Al and after hot
rolling and normalising, the resulting fine grained, ferrite-
Pearlite structure is particularly suited for offshore applications.
To gain a better understanding of the transverse cracking phenomenon,
hot tensile tests have been performed using thermal cycles and

Strain rates designed to simulate the continuous cracking process
(see chapter 2). These studies have related low ductility

failures in hot tensile tests to the occurrence of transverse
cracking in continuously cast slabs. Factors identified as being
responsible for low reduction of area failures during hot tensile
testing include the austenite to ferrite transformation, and the

Precipitation of carbides and/or nitrides. It is intended in this

study to investigate further these aspects.
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The influence of grain size on creep ductility has been extensively
studied, but there appear to be few reports in the literature
relating grain size to hot tensile test ductility, and to trans-
verse cracking.

Therefore it was also decided to investigate the

influence of grain size on the hot ductility of plain carbon and

micro-alloyed steels.
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2.1 INTRODUCTION

Much of the previous work on hot ductility has concentrated
on either high strain rate deformation aimed at simulating

rolling or forging operation, or has involved creep tests

-

resulting in very low strain rates. The continuously cast

slab straightening operation is carried out at strain rates

in the range 107> - 107" s-T, as described in subsequent

Sections, and there is less information available on strength,

Structure and ductility at high temperatures for these immediate

Strain rates. It is intended in this chapter to briefly review

the literature describing high temperature strength and

Structure, and particularly ductility. Special attention
Will be paid to examinations using intermediate strain rates
and.steels with small additions of sﬁch elements as Nb, Al, V

and Ti.
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2.2 TEANSVEESE CRACKING IN CONTINUOUSLY CAST SLiZ

2.2.1 Observations of transverse cracks

Transverse cracks in continuously cast slabs are often difficult to
Sée on the original slab surface, and a control scarf pass is required
to reveal them. (Figs. 2.1 and 2.2. courtesy of B.S.C.;. They

appear at the base of the ripples on the slab surface left by the
Ooscillation of the mould (oscillation marks). It is believed that
these oscillation marks act as stress concentrators, and hence promote
crack formation. The crack width is approximately 0.2 mm and crack
depth varies from 1 to 15 mm. (Brimacombe and Sorimachi, 1977). It
is believed that the cracks form in the mould, and propogate during
the straightening process. (Schmidt and Josefsson, 1974; Mercer and
Mcpherson, 1979). 1In addition, Schmidt and Josefsson have shown that
the cracks propogate along the austenite grain boundaries, and that
Course grained regions are particularly prone to cracking. A

variety of particles have been identified on the crack surfaces,
including AIN (Mori, 1974; Cochrane, 1982) and MnS, NbCN and various
Oxides. (Cochrane, 1982)

The incidence of transverse cracking is dependent on many factors,
which can be classed as either process variables (including such
factors as secoﬁdary cooling patterns and mould oscillation frequency)
Or compositional variations. Process variables will be discussed in
Section 2.2.3 and the influence of composition on transverse cracking
in section 2.9.

2.2.2 Mechanics of the slab straightening process

TPansverse cracks propogate during the slab straightening process, and
Several estimates have been made to determine the surface strain and
strain rate experienced by the slab during the straightening process.
Fig. 2.3 shows the profile of a typical slab caster. Following
Lankforq (1972), Fig. 2.4 illustrates the surface strain ang strain
rate developed during the straightening process. These strains may
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be the greatest to which the slab is subjected during the continuous
Casting operation. The surface strain, €s» due to bending is given
approximately by

€q = t/2R ceeeennnnn 2.1
where t is the slab thickness, and R the bending radius. For typical
R values of 9.8 m, and a slab thickness of 229 mm, a surface strain
of 1.2% is expected.
The strain rate is less well defined, due to the uncertainty in the
gauge length necessary to develop the full bending strain. Lankford
has given three values for this gauge length, L (Fig. 2.4): the
distance from a tangent point to the first bending rolls ( A), a
distance equal to the skin thickness ( &), or a distance equal to
the slab thickness, (t). The strain rate, € , is then given by:-

€= €. VL ...... 2.2

where V is the casting speed. For a typical casting speed of 0.9

m/mins. and suitable values for L, the surface strain rate is in the

3 3

range 0.2 x 10~ - 3.0 x 10 s”'. similar results for surface
Strain and strain rate have been calculated by Bernard et al (1978).
It should be noted that these calculations are approximate, and deal
. With the deformation of the slab as a whole. Locally, at the bottom
Of the oscillation works, for example, different values may be

Obtained for ES and é . s

2.2.3 The influence of process variables on transverse cracking

In Section 2.9, results will be reported which show that when micro-

4 -3

alloyed steels are tested at strain rates in the range 10°" - 10 s-!

at high temperature, they can show a loss of ductility in the
temperature range 600 - 1,000°C. These conditions are close to those
€Xperienced during the straightening operation in which transverse
Cracks propogate, and so attempts have been made to alter the slab

Surface temperature by adjusting the secondary cooling pattern.
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'Soft! cooling patterns aim to produce a s£lab surface temperature

above the low ductility regién, whilst 'hard' cooling patterns try

to produce slab temperatures below the low ductility region.

Mercer and Mcpherson (1979) have reported that 'soft’ gooling
patterns, using reduced amounts of cooling water, resulted in an
increase in slab surface temperature, and a redugtion in the

incidence of transvérse cracking. Offerman et al (1981) have also
reported reduced cracking using soft cooling patterns.

Birat et al (1981) have discussed the limitations of the soft cooling
pattern. They pointed out that the high temperature extent of the
ductility trough is more composition dependent than the low
temperature extent. Straightening temperatures therefore, either
have to be adjusted for a particular composition, or kept at
temperatures high enough to avoid the ductility trough of the steel
with composition showing the broadest ductility trough. Additionally,
there are strict limitations which must be put on casting speed if the
Soft cooling pattern is adopted: a rapid casting speed can result

in incomplete solidification at the straightener, whilst a casting
Speed which is too slow can produce a straigHtening»temperature close
to the ductility trough. | |

These limitations led Birat et al (1981) to develop a cooling

Pattern which reduced surface temperature at the straightener to
700°C, and this produced a decrease in the frequency of transverse
Cracking. Similar 'hard' cooling patterns have been used success-
fully by Nozaki et al (1978), and by Schmidt and Josefsson (1974).
The latter authors attributed the reduction in cracking to the
€limination of the coarse austenite grains with which they had
Previously associated transverse cracking.

However, the 'hard' cooling pattern also had disadvantages, as noted

by Offerman et al (1981). Although such cooling patterns reduce
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the slab surface temperature to below 700°C, at some point below

the slab surface, the temperature can be high enough to place it

in the low ductility region, leading to the formation of subsurface
transverse cracks. Cooling uniformity is more difficult to achieve
using the 'hard' cooling pattern. For example, clogged spray

nozzles can produce localised bands at the surface which are at an
elevated temperature, and cracking can then occur along these bands.
The impingement of cooling sprays can also lend to oscillations in the
Slab temperature near the slab surface (Fig. 2.5). The thermal
Stresses set up by this effect ére in themselves enough to form
cracks (Tomono, 1977). In addition, thermal cycling below the Ar3
temperature can increase the rate of AIN precipitation (Nozaki et al,
1978), and hence reduce hot ductility. Offerman et al (1981) have
also demonstrated this effect. Thus the introduction of a more
uniform cooling pattern which eliminates these temperature
Oscillations has been shown to reduce transverse cracking. (Nozaki

et al, 1978; Coleman and Wilcox, 1985)

Mould osecillation frequency can also effect transverse cracking and
€Xperience at the BSC Ravenscraig plant has shown than an increase in
mould oscillation frequency led to a significant reduction in plate
rejection levels, presumably by reducing the stress concentration

effect of the oscillation marks (Mercer and Mcpherson, 1979).



¢.3 HIGH TEMFERATURE STRENGTH AND STRUCTUFE

2.3.1 General
During hot deformation, work hardening and dynamic restoration
Processes are occuring simultaneously, and it is the balapce
between these processes that determines the hot strength. The
Operative dynamic.restorative process is dependent on strain and
alloy type, and the behaviour of different metals and alloys is
Summarised in Table 2.1.
Hot Strength is strongly influenced by temperature and strain rate,
and Sellars and Tegart (1966) have shown that hot working data can
be Correlated using the relationship developed from creep studies:-

€= A (sinhao )P exp (-Q/RT)....2.3
where ¢ is the strain rate, 0 stress (either peak or steady ;tate),
T the absolute temperature, R the universal gas constant, A, @ and
N temperature independant constants, and Q an activation energy.
Equation 2.3 can also be expressed in terms of Z, the Zener-Holloman
Parameter, where

Z = €exp (Q/RT) .... 2.4
SO that 2.3 can be written as

Z= A (sinhao )" .....2.5
This relationship has been successfully applied for a number of
alloys, including plain carbon steels (Tegart, 1968), and micro-
alloyed steels (Sankar et al, 1979) in the austenitic state. The
Value of Q may remain constant over a wide range of strain rates, but
in some cases different values are obtained for creep and hot working
Conditions (Jonas et al, 1969).
In the former case, Q is equal to the activation energy for self
diffuSion, and is indicative that the rate controlling softening
Process js dynamic recovery over a wide range of strain rates. 1In
the latter case, the higher activation energy for hot working is

taken to be due to the operation of dynamic recrystallization.
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during hot working. Steels in the austenitic state belong to

this second group.

2.3.2 Dynamic recovery

This softening process operates at all strains for metals in group
A, but only at small strains for group B metals. The micro-
Structural evidence for dynamic recovery has been reviewed by Jonas
et al (1969). This work has shown that the grains of the original
microstructure become eiongated in the direction of hot working,

and appear fibrous. This distortion of grain boundaries is
accompanied b? subgrain formation. For « iron, it has been shown
that the subgrains assume their final size by strains of 0.2 to 0.3
for strain rates o% 0.05 to 1.5 S~' (Glover and Sellars, 1973).
After their foréation, subgrain size and mis-orientation, and
dislocation density between the sub-boundaries, remain constant. a
Situation is reached in which dislocation generation and annihalation
rates are equal, and the straiﬁ hardening rate is then reduced to
Zero,

For group A metals, the subgrains are narrow and well defined,
whereas for group B metals,the subgrains are highly tangled, leading
Lo higher levels of stored energy for these metals. The subgrains
remain equiaxed even at large strains for both group A and group B
Metals, and it is thought that this occurs by the process of re-
DOlygonization, that is the repeated destruction and subsequent re-
fOrmation of new sub-boundaries in such a manner as to keep their
SPacing and dislocation density constant. The mean Subgrain size is

increased by increasing temperature and decreasing strain rate, and

is related to the Zener-Holloman parameter, Z, by:-

a Toas blog Z «.ev.. 2.6
s
where q  is the mean subgrain diameter, and a and b constants

<

(McQueen ot al, 1967). A =orrelation has also been observed by many

WCrikers between flow steezs 2nd subgrain size. The most Teneral
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relationship is of the form:-

Op = 0, +kd, " ......2.7
Where Of is the flow stress, and ob;k and m constants. Jonas et
al (1969) have reviewed the literature for Al alloys of varying
purity, and determined that for such alloys, m was 1.5. Other
values of m are 1 for Fe-Cr and Fe-Ni alloys. (Redfern and
Sellars, 1969).
As described previously; substructure differs between group A and
group B metals, and this is thought to be due to differences in
stacking faulL energy between the two groups; group A metals have
a high stacking fault energy, whilst group B metals have a low
stacking fault energy. These differences mean that thermally
activated cross'slip in group B metals is difficult, and hence
substructure cannot develop to the extent observed in group a
metals. In general, solid solution alloying additions to pure
metals reduce stacking fault energy, and hence makes dynamic
recovery more difficult, and as a consequence, flow stress is
increased. Subgrain size may either decrease (Zr -Sn alloys),
increase (Al-Mg alloys) or remain constant (Fe-Si) alloys, with
increasing alloying additions. (McQueen and Jonas, 1975)
Metals containing stable second phase particles develop sub-
structure more rapidly than an equivalent particle free alloy, and
these particles finally stabilize the sub structure. Subgrain
diameter. can be reduced to the order of interparticle spacing. If
the second phase particle is less stable, particle coarsening and
coalescence can occur. This process is great accelerated by hot
deforpation, as sub-boundaries act as paths for diffusion at higher
rates than the lattice. This process can lead to a decrease in the
flow stress during not deformation.

2.3.2 CDyrami~s recrystallization

-

Aft=r .nderzcing a limited amount of dynamic rec-,z- group 3

=
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metals can undergo dynamic recrystallization, if sufficiently
large strains are reached. The limited dynamic recovery occuring

— in these metals means that the sub structure is poorly developed,
with tangled sub grains having high stored energy levels. These
high levels of stored energy in group B metals are considered
€ssential ﬁo obtain the differences in stored energy levels required
Lo nucleate dynamic recrystallization.
Nucleation of dynamic recrystallization occurs at existing grain
boundaries at lower strain rates. (Luton and Sellars, 1969;
Roberts et al, 1979). The poorly developed sub-boundaries pin
Sections of the original grain boundaries, which bulge out and
migrate due to the strain energy difference across the boundary.
At higher strain rates recrystallization nuclei throughout each
8rain have been observed. (McQueen and Bergesson, 1972).
As the new grains grow the metal, and hence the new grains, con-
tinue to be deformed. At low strain rates, the stored energy
8radient between the centre of the new grain and the advancing
bOundary is low, and so the driving force for dynamic recrystalli-
2ation is not significantly effected by deformation. Recrystalli-
2ation proceeds to completion,with the centre of each grain having
a higher dislocation density than the edge. As deformation con-
tinues, the stored energy within the recrystallized grains' increases
until the critical level for recrystallization is reached. At this
Stage, the flow stress falls as recrystallization proceeds again,
and the repetition of this process leads to the cyclic flow curves
Observed for low strain rate deformation in group B alloys. (Sellars
and Tegart, 1966).
For high strain rate deformation, the stored energy behind the

migrating boundary is high, and hence the driving force for grain

b°Undary migration is reduced. Before recrystallization is complete,

the Storeq energy levels in the centres of the recrystallized grains

~ry
>
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P€aches the critical level for nucleation anc the cycle repsztc
itselr. This process leads to the steady state flow stire:s
Observed during hot deformation at higher strain rates.
Nucleation of dynamic recrystallization occurs at a cricital strain
level, GC, which is less than the strain at peak stress, ep’ as

Mmeasured from the flow curve. According to Rossard (1973), fc is
8iven approximately by:-

€. =0.83 €  ...... 2.8
p

€. increases as the initial grain size, do’ increases (Roberts et

al, 1979, Sellars, 1980; Ruibal et al, 1984), and as Z increases.

(McQueen and Jonas, 1975, Sellars, 1980). Sellars has shown that

for Steels, a relationship of the form:-

€Xists, when B and p are constants, and p is in the range10.125 to

0.17s5, At very low stresses, EC may decrease with increasing Z.

(Luton and Sellars, 1969). This complex variation of €. with Z is

hot fully understood. It is thought that at very low stresses, the

low dislocation density requires largeAstrains to provide the
neCessary stored energy for dynamic recrystalrization. At higher
Stresses, the increase in ec with increasing Z may be due to the need
for an increase in stored energy with increasing strain rate to
Provide the necessary driving force for dynamic recrystallization to
Proceed.

DYnamically recrystallized grain size, d; is determined by the flow

stress, 0., and is independent of temperature. 0} and drare
related by:-

Uf:Nd;q .....--.....2.10 |
Where N and q are constants - q falls in the range 0.7 - 1.0,

depending on composition and purity. (McQueen and Jonas, 1975),

Solig solution alloying reduces the rate of dynamic recovery, ang

hence might be expected to promote dynamic recrystallization; however,

28



the rate of grain boundary migration is alsc recuced by allcying
additions and this reduces the rate of dynamic recrystallization.
For some alloys, this reduction in the rate of dynamic recrystalli-
zation can lead to the formation of a ductility trough.

The elements Nb and to a lesser extent V, are particulariy effective
in retarding dynamic recrystallization. The technical importance

of this phenomenon for the production of controlled rolled micro-

alloyed steels has meant that the subject has been investigated

extensively. Recent investigations (le Bon et al, 1975; Sekine and

Maruyama, 1976; Weiss and Jonas, 1979; Ouchi and Okita, 1982) have
all shown that increasing Nb additions increase ep. Weiss and
Jonas have shown that this effect is due to solute drag on grain
boundaries at high strain rates, and to the dynamic precipitation
of fine NbCN at slower strain rates, which reduce grain boundary
migration rates. The nucleation of dynamic recrystallization can
be delayed until the dynamic precipitation of NbCN is complete,
leading to the characteristic 'reverse knee' form of the RTT
diagram for Nb containing steels.

Similar studies on the influence of V on dynamic recrystallization
by Akben et al (1981) have shown that V in solution retards dynamic

recrystallization, though not to as great an extent as Nb. Dynamic

Precipitation of VN also increase €,



2.4  INTERACTION BETWEEN HIGH TEMPERATURE CRACKING AND
SOFTENING PROCESSES

2.4.1 High temperature intergranular crack nucleation and growth

It has now been known for many years that under appropriate con-
ditions of stress and temperaéures, intergranular failure can occur
during creep and during hot workability tests. As described in
section 2.2.1, transverse cracks propogate along austenite grain
boundaries. Therefore, the factors which influence high temperature
intergranular crack nucleation and growth will be discussed briefly.
This subject has been covered extensively by Evans (1984), who

deals with the subject in greater depth than it is possible to here.
Traditionally, intergranular creep defects have been classified as
either 'grain edge' or 'r type' (r for rounded) or as 'grain corner'
. Both types of cavity require

or 'w type' (w for wedge cavities).

grain boundary sliding to nucleate the cavity. The models proposed

for the nucleation of 'w type' cracks are illustrated in Fig. 2.6.
Calculations have been made to estimate the critical stress required
to nucleate a Qedge crack, the simpler models assuming no matrix
relaxation, whilst more complex models consider the role of thermal
activation in reducing the values of the local concentrated stress.

Stroh (1955), using no matrix relaxation, estimated the critical

Shear stress for wedge crack nucleation, T, as:i-

where v is Poisson's ratio, Vf is the fracture energy, K, a constant,

dg the grain diameter and u the shear modulus. Other more sophis-

ticated treatments have shown that wedge crack nucleation requires

Sliding rates greater than 1079 ms™! (Evans, 1984).
0

' , -1
Generally, steady state sliding rates are less than 10 " ms

Would indicate that nucleation only occurs under high, transient

Fates of sliding.
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'.!._\ ) ; ) e i g
" Llype cavities also require grzir Lcuncary sliding for cavity

Nucleation, and one possitle mecnanisr for their formation was
Proposed by Gifkins (1956), and is illustrated in Fig. 2.7. In
this Mmechanism, ledges produced by the impingement of sl§p bands
With the grain boundary could lead to the formation of cavities

S grain boundary sliding proceeded.

Another possible source of stress concentrators at grain boundaries
are grain boundary particles. If the stress concentration at such
Particles is produced by grain boundary sliding alone, the slip
diStaNCe corresponds to the interparticle spacing, and large
applied Stresses are required for particle fracture or particle-
Mmatrix decohesion. However, for the case of the intra granular
slip impingement against a grain boundary particle, much smaller
applied stresses are required for particle fracture, as slip dis-
tances are much greater. In alloys which develop particle free
Z0nes (pPFz) adjacent to the grain boundary, particle fracture is
Much more 1ikely, as a large fraction of the specimen strain is
COncentrated in the PFZ.

It Should be noted that the critical stresses ?equired for the
Nucleation of 'r' type cavities are much lower than those required
for 1y type cavity nucleation, and so 'r' type cavity formation is
favoured by low stress, high temperature creep tests, or low strain
fate hot workability tests.

Many mechanisms have been proposed to describe the growth of 'r!
type caﬁities, and they can be classified as either cavity growth
by deformation mechanisms, or cavity growth by vacancy diffusion
Mechanisps, The subject is complex, and is dealt with in detail by
Evans (19g4)

2.4.2, Influence of dynamic recovery on hot ductility

As discussed in 2.4.1, low ductility failures at high temperature

€an be intergranular in nature, and intergranular cracks are
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nucleated by grain boundary sliding. In creep tests, It nac

observed that with increasing stress, crack nucleation sites

change from grain boundary ledges and particles to triple points.
Materials in which dynamic recovery occurs readily (Group A alloys,
Table 2.1) have low flow stresses and flow readily at triple points
to relieve stress concentrations, and thus diminish the initiation
of 'w' type cracks. In addition, metals which are susceptible to
dynamic recovery may form 'scalloped' grain boundaries (McQueen
and Jones, 1975), which diminishes grain boundary sliding, and
hence reduces intergranular crack nucleation. In such metals,
ductility increases with increasing temperature, because the stress
relieving processes are more sensitive to temperature than those
promoting crack nucleation. (Gittins, 1970) However, in group B
metals, the rate of dynamic recovery is low and ductility may
decrease with increasing temperature in the lower part of the high
temperature range, because of increases in the amount of grain
boundary sliding. (White and Rossard, 1968)

In general, solid solution alloying tends to reduce ductility.
This is partly because the smaller subgrains often formed in these
materials are not as effective in producing 'scalloped' grain
boundaries, so that grain boundary sliding is not impeded to the
Same extent. The scalloping is also reduced by :the retarding effect
801utps exert on grain boundary migration. In addition, the
decreased ease of dynamic recovery associated with alloying raises
the flow stress considerably, which is instrumental in nucleating
and opening up cracks.

2.4.3. 1Influence of dynamic recrystallization on hot ductility

Metals which undergo limited dynamic recovery often show a minimum
in ductility in a temperature range close to the hot working range.
This minimum in ductility is associated with.intergranular failure.

Thisvoccur‘s because the limited dynamic recovery gives rise to high
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flow stresses and work hardening rates, preventing the accommo-
dation by lattice deformation of the stresses built up at triple
points or grain boundary particles. As the temperature is
increased beyond that of the ductility minimum, dynamic recrys-
tallization is observed. The introduction of new grains isolates
the cracks already formed from the grain boundaries, thus
inhibiting crack propogation. Further crack growth occurs by the
'capture' of a moving grain boundary for a sufficient time for
Vacancy diffusion and applied tensile stress to lengthen the crack
before the boundary breaks away. New cracks may also form in the
boundaries of the recrystallized grains. Thus under these con-
ditions, grain boundary migration rate may be the process con-
trolling crack propogation.

This increase in ductility associated with the onset of dynamic
recrystallization has been reported for a wide range of group B
metals: in Inconel 600 (Dieter et al, 1968), Fe-25%Ni (White and
Rossard, 1968), in a range of Fe-Ni alloys, (Evans and Jones, 1976),
in cupro-nickels (Evans and Jones, 1978), and austenitic stainless
steels. (Bywater and Gladwinn., 1976; Norstrom, 1977; Ouchi and
Okita, 1982). In all these studies, high ductility failures
Were associated with dynamic recrystallisation. The high temper-
ature failure of austenitic irons of varying purities has been
studieq by Wray (1975). Austenitic iron undergoes limited dynamic
recovery and displays a temperature range in which ductility ié
low. However, Wray showed that at temperatures less than 1000°C
electrolytic:iron defprmed using a strain rate of 2.8 x 10'5 S_1,
although undergoing dynamic recrystallisation, failed in an inter-
granular manner with low ductility.

Studies on the hot deformation of Nb micro-alloyed steelé show a
ductility trough within which dynamic recrystallisation does not

occur, due to the retardation of recrystallization associated with
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Nb additions. (le Bon et al, 1975; Sekine and Maruyama, 1976;
Weiss and Jonas, 1979) Bernard et al (1978) used these recry-
stallization arguments to explain the occurence of the ductility
trough in Nb micro-alloyed steels. However, for micro-alloyed
Steels, results have been reported which have shown that their
complex hot ductility behaviour cannot be explained by dynamic
recrystallization arguments alone. Ouchi and Matsumoto (1982)
studied the influence of strain rate on the hot ductility of
micro-alloyed steels. Their results showed that the temperature
of minimum hot ductility did not change with strain rate. They
pointed out that since the critical strain for nucleation of
dynamic recrystallization decreased with decreasing strain rate,
tests performed at low strain rates might be expected to have a
narrower ductility trough, due to an earlier onset of dynamic

recrystallization. Wilcox and Honeycombe (1984) showed that the
hot ductility of a C-Mn-Nb steel began to increase rapidly with
increasing temperature before the onset of dynamic recrystallization.

They concluded that in C-Mn-Nb steels, the precipitation of NbCN,

rather than dynamic recrystallization, was the most important

factor controlling hot ductility. However, in C-Mn-Al and C-Mn-Nb-

Al steels, Wilcox and Honeycombe showed that ductility improved

when a strain sufficient to nucleate dynamic recrystallization

Could be applied before fracture.



2.5 THE INFLUENCE OF STRAIN RATE ON HOT DUCTILITY

2.5.1 General

During laboratory simulations of hot working processes, the strain
rate is chosen to approximate that experienced during the hot
working process. In many alloys, the strain rate has a profound
influence on fracture strain. (Sellars and Tegart, 1972; Evans
and Jones, 1976). Several hot ductility studies of irons and
Steels have included investigations into the strain rate depend-
ance of hot ductility (White and Rossard, 1968; Wagenaar, 1968;
Vodopivec, 1978; Sanker et al, 1979), and all have shown an
increase in hot ductility with increasing strain rate. However,
these tests were performed to simulate hot working processes such
as rolling and forging, and were carried out at strain rates in
the range 0.1 - 10 5™,

or particular relevance to the continuous casting process are

those studies conducted above 700°C in the strain rate range 10~
- -1, as these are believed to be the conditions experienced

- 1077 s

during the continuously cast slab straightening process (section
2.2.2). For irons and steels tested under these conditions, the
influence of strain rate on hot ductility is temperature and com-
Position dependant, and three temperature regimes may be defined:-
from the solidus temperature to 1200°C; from 1200°C to 1000°C; and
below 1000°C.

2.5,2 The influence of strain rate on hot ductility above 1200°C

Suzuki et al (1982) investigated the influence of strain rate on

hot ductility in this temperature range for a high purity electro-

lytic iron, and for a 0.4%C steel. They found hot ductility and

Strain rate to be independent for strain rates in the range 5 x
0 20 S™'. This behaviour has been related to the fracture
Mmade for steels tested near their melting points.

Several workers (Weinberg, 1979; Rogberg, 1983) have reported
35



fracture near the melting point to be due t¢ inzirient melting
at grain boundaries and/or dendrite interfaces, ard thus strain
rate would be expected to have no influence on fracture processes

in this temperature range.

»

2.5.3 Influence of strain rate on hot ductility from 1200°C to
1000°C

In this temperature range, low ductility failures have been
observed for steels which have undergone a 'sensitizing' treat-
ment, typically involving reheating above 1200°C, and which also
have‘a low (<40) Mn:S ratio (see section 2.9.5). Conflicting
results have been reported for the influence of strain rate in
this temperature range. Lankford (1972) has reported no influence
of strain rate on the hot ductility of a range of plain carbon

steels, whilst Suzuki et al (1982) have reported an increase in

3 1

ductility with decreasing strain rate between 5 x 107~ and 20 S~

for a plain carbon steel. They have explained their results as
being due to the coarsening of (Fe, Mn)S and (Fe, Mn)0O inter-
granular precipitates occurring during the long test times at

slow strain rates, which reduces the embrittling effect of these

1

precipitates. Yasumoto et al (1985) have also reported an

increase in hot ductility as the strain rate is reduced from

23 S-1 to.0.01 S-1 in a range of C-Mn-Al steels with Mn:S ratios

in the range 10-25.

2.5.4 The influence of strain rate on hot ductility below 1000°C

Investigations by Wray (1975) on pure irons, and by Carlsson
(1964), Bernard et al (1978), Mintz and Arrowsmith (1979), Ouchi
and Matsumoto (1982), Suzuki et al (1982), Wilcox (1982), and
Maehara and Ohmori (1984) on plain carbon and micro-alloyed
steels have all shown a decrease in hot ductility with-decreasing

strain rate (Fig. 2.8). In addition, some investigators (Mintz

and Arrowsmith, 1979; Maehara and Ohmori 1984) have reported a
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broadening of the ductility trough with decreasing strain rate.
These results can be explained by the fact that an increase in
Strain rate leads to a decrease in the ratio €g.b./ ‘t’ where
€g.b. is the grain boundary. strain, and € the total strain
(Ouchi and Matsumoto, 1982). In addition, an increasing strain
rate will produce an increase in the grain boundary migration
velocity, v, through the equation of Lucke and Stuwe (1963):
V=MI(CT)P(Cr€, T) cuveennnnn 2.12
where M is the grain boundary mobility and includes terms des-
Cribing the influence of composition C, and temperature, T, and
P is the driving force for grain boundary migration. As pointed
out by Evans and Jones (1976) and Mintz and Arrowsmith (1979), a

rapidly migrating grain boundary will isolate grain boundary

cracks, inhibiting their propogation and thus improving ductility.
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2'6( THE INFLUENCE OF GRAIN SIZE ON HOT DUCTILITY

As described in section 2.4, high temperature fracture can occur

in an intergranular manner under appropriate strain rates, and the
influence of grain size on hot ductility has been the subject of
Mmany studies. The majority of these investigations have used the
Creep test, and a wide range of metals and alloys have been
€xamined, including copper (Fleck et al, 1970), alpha brass (Taplin
and Whittaker, 1963), Magnox A180 (Evans, 1969), austenitic steels
(Bywater and Gladman, 1976; Katumba Rao et al, 1975) and a low
alloy steel (Reynolds and Gladman, 1980). The majority of these
Studies have shown that creep ductility decreases continuously
With increasing grain size (Fig. 2.10).

In his study of magnox A180, Evans (1969) showed that increasing
8rain size led to an increase in the rate of grain boundary sliding.
He therefore, attributed the decrease in ductility with increasing
grain size as being due to the increased sliding rate producing an
increased gfain boundary cavity growth rate. However, it is now
believed that creep ductility, when intergranular fracture occurs,
is controlled by the final stages of fracture, 'rather than the
Nucleation and early stages of growth of grain boundary cavities
(Fleck et al, 1970; Kutumbo Rao et al, 1975). In the later stages
of crack growth, a propogating grain boundary crack must grow
through triple points, and it seems likely that the ease of propo-
8ation of a crack through a triple point, and the number‘of triple
Points ehcountered, will be an important fact in determining creep
ductility. Thus avcoarse grained material, with fewer triple
Points than a fine grained m;terial will be more susceptible to
intergranular cracking. It has also been pointed out that the
Crack aspect ratio will influence the ease of crack propogation
through triple points. (Fleck et al, 1970). In éoarse grained

material, crack aspect ratio and hence stress concentration at the
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Crack tip, will be high, allowing such cracks to readily grow
thPOUgh triple points. The reverse is true for fine grained
Materials.

A1th0ugh the majority of investigations on the influence of grain
Size on hot ductility have shown that ductility decreases with
inCr‘easing grain size, Fleck et al (1970) in their investigation
Of copper, and Kutumba Rao et al (1975) in their investigation of
a8 Cr-Mn-N austenitic steel, have shown that at fine grain sizes,
Creep ‘ductility can decrease with decreasing grain size (Fig. 2.11)
Garofalo (1968) attempted to account for both the increase and
decrease in creep ductility with continually increasing grain size
b using the equation:-

dr = 1 (/ANE ... 2,13 .
DA dg .

Where ¢r is the reduction in area at fracture, D a constant,l

the fraction of deformation due to grain boundary sliding, dg is
the grain diameter, and Neis the average number of crack nuclei

Per unit area that lead to fracture. This equation predicts a
decrease in creep ductility with increasing d %f Ncand A remain
Constant. Decreasing ductility with decreasiné grain size will
Occur if Nkand.A'increase rapidly at small grain sizes, compen-
Sating for the decrease in dg. Howevér, equation 2.12 was derived
assuming that intergranular cavity growth occurs:by grain boundary
sliding, and therefore cannot be generally applicable. For example,
in the work of Kutumba Rao et al (1975), the angular distribution
Of cavities indicated that cavity growth had occurred predominantly
by vVacancy diffusion processes, and so equation 2.1é is not
applicable to this situation. Kutumba Rao et al have attributed
their results to the presence of abnormally large grains in an

Otherwise fine grained specimen, the abnormally large grains con-

trolling the fracture process.
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There appear to be few reports in the literature examining the
influence of grain size on the hot ductility of micro-alloyed
Steels. Carlsson (1964) in a study of the hot ductility of Al
killed steels at temperatures in the range 700 - 1100°C,
reported no influence of austenite grain size on hot ductility.
More recently, Ouchi and Matsumoto (1982) showed that the hot
ductility of both C-Mn-Al and C-Mn-Nb-Al steels was independent
of austenite grain size in the range 300 - 1000 um, when tested
at 9ooec.

Grain size appears to be an important factor in the transverse
Cracking phenomenon. Schmidt and Josefsson (1974) have observed
that transverse cracks are associated with coarse austenite grains,
and that this cracking is reduced when coarse grained structures

are eliminated by the use of a suitable secondary cooling pattern.



2.7 THE INFLUENCE OF INCLUSIONS ON HOT DUCTILITY
It is well known that non metallic inclusi;ns have an extremely
detrimental effect on hot ductility, and can be a major cause of
.defects during hot working. (Cottingham, 1968; Nicholson et al,
1968; Smith et al, 1972; Sellars and Tegart, 1972; Gittins, 19775
Charles, 1980). The influence of inclusions on hot ductility is
often apparent in hot workability tests, and for example Robbins
et al (1961) have shown that in hot torsion tests of irons of
vVarying purity, ductility decreases as inclusion volume fraction
increases. The inclusions act as fracture sites, and during
hot workings, as described by Sellars and Tegart, three
Situations can be envisaged:-
4. the inclusion fractures.
b. the inclusion will deform plastically, maintaining continuity
with the matrix.
C. decohesion of the inclusion matrix interface will occur.
The size of the cavity formed will be dependant on which of the
three processes described above occurs. Case a will produce 2a
cavity of similar size to the inclusion, whilst case ¢ will
Produce a cavity smaller than the inclusion. Which of the above
three processeé actually occurs is dependant on the deformation
behaviour of the inclusion; and the strength of the matrix
inclusion interface.

i s
Inclusion deformation behaviour is now usually described in term

of their relative plasticities, i.e. the ratio of true strain

: i ix.
deVeloped in the inclusion to true strain developeg in the matrix

. . K
The relative plasticity, vr, is given by Malkiewicz and Rudni

(1963) as:-

v, = 2 1n (A/C) . eecessnsees 2,14
r

n o l)

wWhere ¢ and d are the lengths of the minor and major axes of the
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deformed inclusion (initially assumed spherical), and Ac ang A1
the initial and final ingot cross section respectively. Gove
and Charles (1974) have shown that the inclusion hardness, Hi,
and the matrix hardness, Hm, can be related to b by:-
The principle factors controlling v} are deformation temperature
and inclusion composition. Inclusion composition cotrols the
inclusion liquids temperature and hardness, whilst the hot
Wworking temperature effects the flow stress of the matrix. The
influence of temperature and composition on ur are illustrated
for sulphide inclusions in steel in Fig. 2.9. The influence of
inclusion size on relative plasticity is unclear, but some
Workers have reported that pr increases with increasing inclusion
Size. (Segal and Charles, 1977).

The relative plasticity of inclusions can influence hot ductility
during hot working processes. Low values of vr are undesirable
during rolling, as voids have been shown to nucleate
Preferentially on inclusions with low v, values. (Kiessling,
1968; Maunder and Charles; 1980). Also, in hét working processes
where tensile forces are present, such as the production of seam-
less tube by piércing, defects are associa£ed with less deform-
able oxide type inclusions, sulphide inclusions:being less
harmfu) . (Nicholson, 1968).

Although the influence of inclusion size on relative plasticity
is uncertain, it has been shown that large inclusions have a more
detrimental effect on hot workability than smaller .inclusions,
(Klevebring et al, 1975; Coward et al, 1977; Charles, 1980) and
Nucleate voids preferentially. Waudby (1979) has reveiwed the
Subject, and concludes that nonldeforming inclusions in steels
above 2-3 um in, diameter will nucleate voids.

The roles of inclusions in the transverse cracking of

b2



Continuously cast slabs is uncertain, but any effect is likely

to be small, as transverse cracks occur at small strains,
( - 2%), whereas much larger strains are generally required to

Nucleate voids at inclusions.
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.8 THE INFLUENCE OF PHASE TRANSFORMATION AND DUPLEX STRUCTURE
ON THE HOT DUCTILITY OF STEELS

2.8.1 Phase Transformation

Several Studies have been performed using the hot torsion test
to investigate tﬁe hot ductiiity of irons (Robbins et al, 1961;
Reynold and Tegart, 1962; Keane et al, 1968; Wagenaar, 1968).
The results of these studies all show similar trends,
irrespective of strain rate or purity; a ductility drop is
aSsociated with the ferrite to austenite transformation and by
the e€xtrapolation of the hot ductility curves, it is evident
that austenite is less ductile than ferrite at the same temper-
ature (Fig. 2.12). Robbins et al proposed that the inferior
duCtility of austenite was due to two factors: firstly, the
Self diffusivity of Fe is greater in ferrite than in austenite,
and Secondly, austenite has only 12 active slip systems, as
OPposed to 48 for ferrite. They attempted to relate self
dif‘f“J‘SiVity, Ds’ and the number of active slip systems, S, to
ductilty, Rv,ﬁsing a relation of the form:

Rv= S Ds% F (%) sanswsassn 2«16
Where f(x) is a function of factors such as purity and the.amount
of grain b6undary sliding. However, the later work of Reynolds
and Tegart showed that the initial success of %ﬂ6 was fortuitous.

2.8.2. Dpuplex Structure

The Presence of a duplex structure in an alloy normally leads to
redvced ductility, as for example in the stainless steel investi-
8ated by Kobayashi et al (1980). The ductility of duplex phase
alloys is dependent on the volume fraction of each phase, their
distribution and their relative ductilities. For example, Muller
(1967) has shown that hot ductility is a minimum for duplex stain-
less steels with approximately 30% & ferrite, since interphase
Cracking is pariicularly severe for this compo#ition. McQueen

and Jonas (1975) have suggested that the decrease in the hot
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ductility of duplex stainiess stee.s asso-iated with increasing
& ferrite volume fractions is due to the inhibitiorn of
dynamic recrystallization in the }' phase by restricting grain
boundary mobility. Investigations into the hot torsiopal
ductility of irons revealed low ductility failures caused by the
Presence of an extended ( @ + p ) region, owing to impurities
Present in the irons (Robbins et al, 1961; Reynolds and Tegart,
1962; Keane et al, 1968). Reynolds and Tegart observed in the
two phase region, fracture generally occurred in the ferrite,
although in some cases, cracking was observed at large jinclusions
Or the ferrite-austenite interface.
More recently, hot tensile tests have been performed on plain
carbon and micro-alloyed steels to determine whether the ductility
loss associated with the two phase region is responsible for
transverse cracking in continuously, cast slabs. Some of these
tests have produced conflicting results. Bernard et al (1978)
observed that after solution treatment, the austenite to
- ferrite transformation lead to an improvement in hot ductility
for a range of C-Mn-Al and C-Mn-Nb-Al steels. Wilcox and Honey-
combe(1984) reported little influence of transformation on the
hot ductility of C-Mn, C-Mn-Al and C—Mn;Nb-Al steels. In con-
trast, other authors have reported ductility twroughs apparently. .
associated with the two phase region for C-Mn and C-Mn-Al steels
(Mintz and Arrowsmith, 1979; Yamanaka et al, 1980; Wray, 1981,
Suzuki et al, 1982). In these steels, fracture has been
observed to occur withinvthe pro-eutectoid ferrite at precipi-
tates and inclusions. In accord with this idea, Yamanaka et al
Showed that by increasing the Al content of a C-Mn-Al, and
hence increasing the volume fraction of AIN precipitator within
tﬁ; pro-eutecoid ferrite, ductility was reduced. For C-Mn-Nb-
Al and some C-Mn-Al steels, it is believed that thé phase trans-
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formation is of secondary importarce in controlling 4

as the loss of ductility associated with AIN and
tation is dominant. (Quchi and Matsumoto, 1982;

Meehara, 1984).

NbCN precipi-

Ohmori; and



2.9 THE INFLUENCE OF COMPOSITION ON THE HOT DUCTILITY OF STEELS

2.9 1 ﬁ

The adverse effect of Nb on the hot ductility of steels first
became evident when Nb additions were made to heavy forgings

and castings to achieve grain refinement (Kazinczy, 196%; Vodo-
pivec, 1975). Hannerz et al (1968) identified extensive preci-
pitation of NbC in these heavy castings, and attributed ingot
cracking to intergranular embrittlement due to NbC and MnS
precipitation at austenite grain boundaries.

In more recent years, it has been shown that Nb micro-alloyed
steels can be particularly prone to transverse cracking during

the continuous casting process (Brimacombe and Sorimachi, 1977).
Mintz and Arrowsmith (1979) have shown that Nb levels strongly
effect the cracking of continuously cast slabs, distressed casts
increasing from 0 to 30% as Nb levels increased from 0.008 to
0.025 wt. % (Fig. 2.13).

This relationship between transverse cracking and Nb content has
led to numerous investigations into the hot ductility of micro-
alloyed steels, using hot tensile tests at strain rates and
temperatures designed to simulate the continuously cast slab’
Straightening §rocess (Hasebe, 1972; Schnabel et al, 1976; Bernard
et al, 1978; Mintz and Arrowsmith, 1979; Ouchi and Matsumoto, 19823
Maehara and Ohmori, 1984). These investigations have all shown that
Nb additions to C-Mn and C-Mn-Al steels produce an extendgd
ductility trough, the depth and width of which increases with
increasing Nb levels (Fig. 2.14). This ductility Frough has been
shown to extend over the temperature range 700 - 1000°C, the
temperature range over which the straightening of continuously
cast slab occurs.

Fractographic studies have revealed that at temperatures above and

below the ductility trough, the fracture mode is transgranular
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Tupture (Wilcex and Honeyoomie, 1%54).  Low ductility failures

are associated with failure et austenite grain boundaries when

the steel is fully austenitic, and fracture within this pro-
eutectoid ferrite films when the steel is in the two phase region
(Ouchi and Matsumoto, 1982; Maenara and Ohmori, 1984). In the

two phase region, the fracture mode is intergranular micro void
co-alescence. Ouchi and Matsumoto showed that hot ductility
increased with increasing ferrite thickness, and they concluded
that since composition had little influence on hot ductility in
the two phase region, ferrite thickness was the most important
factor controlling hot ductility in this region.

In the low temperature austenite region, Ouchi and Matsumoto
reported intergranular fracture characterized by a wavy pattern
on the grain facets. However, Mintz and Arrowsmith, and Maehara
and Ohmori have observed the micro-void coalescence mode of
fracture in the single phase austenite region, and Machara and
Ohmori have suggested that these micro voids are formed by
decohesion of the NbCN-matrix interface.

Observations of precipitates of NbCN on fracture surfaces are few,
due to the small size of the precipitates, which is often below
SEM resolution limits. Wilcox (1982), although not examining
grain boundary precipitates from fractured samples, used a hydrogen
embrittlement technique to expose austenite grain boundaries, and
used carbon extraction replicas to examine precipitation. Wilcox
was able to show that using suitable thermal cycles, NbCN pre-
cipitates were present at austenite grain boundaries prior to
deformation. Ouchi and Matsumoto used the carbon extraction
replica technique to identify fine (20 nm) NbCN precipitates, which
were found to be present on the fracture surfaces of steels which

had failed in an intergranular manner. An examination by Cochrane

(1982) of subsurface cracks in continuously cast slabs of Nb micro-

48



alloyed steels revealed a fracture surface characterized by
micro voids containing MnS (50 - 70%), AIN (23 - 33%), oxide
inclusions (3 - 14%), but only 1 - 3% were NbCN.

Bernard et al (1978) attributed the ductility trough in Nb
containing steels as being due to the retardation of dynamic
recrystallization associated with Nb additions (see section
2.3.3.). He proposed that fracture in these steels occurred
before the critical strain for the nucleation of dynamic
recrystallization was reached, and supported this argument
with metallographic evidence of coarse, un-recrystallized
austenite grains in low ductility tests. Wilcox and Honeycombe
(1984) have confirmed this explanation of the ductility trough
for C-MN-Nb-Al steels, for which a good correlation exists
between the onset of dynamic recrystallization (as determined
from stress-strain curves), and the recovery of ductility.
However, for a C-Mn-Nb steel, Wilcox and Honeycombe showed that
precipitation of NbCN, rather than dynamic recrystallization
was the dominant factor controlling hot ductility. Mintz and

Arrowsmith (1979) proposed the more general argument that poor

ductilities were associated with low grain boundary mobilities
due to the precipitation of NbCN. They showed that hot ductility
increased with increasing change in austenite grain size relative
to the solution treated grain size.

In accord with this idea, Mintz and Arrowsmith showed th;t
decreasing precipitate size reduced hot ductility, since, for a
given volume fraction, fine precipitates reduce grain boundary
mobility more than coarse precipitates for a given volume
fraction. (Gladman and Pickering, 1967). To support this idea,

they showed that increasing the cooling rate from the solution

temperature reduced hot ductility by refining the size of the

NbCN Precipitates.
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The prime importance of precipitation in controlling hot ductility
of Nb micro-alloyed steels was further emphasized by Ouchi and
Matsumoto (1982), who used a variety of thermal cycles to alter

the precipitate distribution, and hence hot ductility.

As well as influencing hot ductility by reducing grain boundary
mobility, it has been suggested that the extensive matrix
precipitation of NbCN sometimes observed in Nb micro-alloyed steels
concentrates strain at the grain boundaries, hence promoting inter-
granular fracture and low ductility (Bernard et al, 1978; Wilcox
and Honeycombe, 1984; Maehara and Ohmori, 1984).

It is well known that deformation accelerates the precipitation of
NbCN in austenite, and that this dynamic precipitation is finer
than the equivalent static precipitates at the same temperature
(Weiss and Jonas, 1980). This led Mintz and Arrowsmith to propose
that dynamic precipitation of NbCN would have a greater detrimental
effect on hot ductility than static precipitation.

However, Ouchi and Matsumoto were of the opinion that as it is
likely that the most important nucleation sites for dynamic
precipitates are on dislocations and sub-boundaries within the
matrix, dynamic precipitates would have little influence on grain
boundary mobility. Wilcox and Honeycombe in their study of C-Mn-Nb
and C-Mn-Nb-Al steels concluded that dynamic precipitation of NbCN,
both intergranular and transgranular, had a greater detrimental
effect on hot ductility than precipitates present before the start

of deformation.
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2.9

o

Al

In the late fifties, the phenomenorn of ingot panel cracking of
plain carbon and low alloy steels treated with aluminium for
grain size control first became apparent (Desai, 1959; Qiggs,
1959). It was shown that cracks occur internally and propogate
to the surface as a result of thermal stresses set up during the
cooling of the ingot. The cracks follow the ferrite networks at
the prior austenite grain boundaries, which implies that they
occur at a temperature below that at which the ferrite is formed.
It was also shown that basic electric arc steels were more prone
to panel cracking than basic 0.H. steels, and the defect was
rarely experienced in the case of the acid 0.H. process. In
addition a significant relationship was found between the incidence
of cracking, and the Al content of the steel, the incidence
increasing as the Al content increased. Intergranular cracking
of ingots was later shown to be associated with the precipitation
of AIN at the austenite grain boundaries (Woodfine and Quarrell,
1960; Wright and Quarrell, 1962). In a later investigation of the
hot workability of as cast structures, Harding et al (1977) also
attributed poor_ductilities to AlN precipitation.

As well as ingot cracking, forging difficulties were sometimes
experienced with certain low alloy steels containing Al (Erasmus,
1964). Forging break up was due to intergranular failure caused
by AIN precipitation. Low alloy steels containing Ni were
Particularly susceptible to this form of defect, as Ni raised the
solution temperature of AIN. This can lead to AlIN being present
at the forging temperature, promoting intergranular failure. A
more recent study by Ericson (1977) has confirmed that ingot panel
cracking can be due to the precipitation of AN in pro-eutectoid
ferrite networks.

Carlsson (1964) demonstrated that AN can also lead to high
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temperature, intergranular failure in wrought as opposed to

cast, structures, when hot tensile tests are performed at
sufficiently low strain rates. Furthermore, as the strain

rate is <lecreased, the hot ductility is found to decrease,
leading to the formation of a ductility trough in the
temperature range 800 - 1000°C, when the steel is fully aus-
tenitic.

More recent studies have confirmed this work, and shown that
increasing Al levels in C-Mn-Al steels decrease hot ductility
(Funnell and Davies, 1978; Vodopivic, 1973 Bernard et al, 1978;
Ouchi and Matsumoto, 1982). As in cast structures, it is AlN
that is responsible for the ductility ldss,and for a given AlIN
volume fraction, smaller AIN precipitates are more detrimental
to hot ductility (Vodopivec, 1978; Funnell and Davies, 1978).
Funnell and Davies have explained this effect as being due to
grain boundary pinning at lower strain rates, and to the
retardation of dynamic recrystallization at higher strain rates.
Wilcox and Honeycombe (1984) have shown a close correlation
between the onset of dynamic recrystallization and the hot
ductility of a C-Mn-Al steel - ductility improved rapidly when
a strain sufficient to nucleate dynamic recrystallization could

be applied before fracture.

Precipitation of ALN occurs slowly after solution treatment, but
the rate is increased by the application of strain (Vodopivec,
1973). It has been shown by Vodopivic (1978) and Wilcox (1982)
that static AIN precipitates, as opposed to dynamic, are more
detrimental to hot ductility.

The slow rate of AIN precipitation after solution treatment means
that under appropriate cooling conditions, Al has little influence
on hot ductility. Mintz et al (1980) showed that Al additions to

a C-Mn steel made no difference to hot ductility when the steels
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were cooled at 60°C/min. after solution treatment. This cooling
rate was sufficient to suppress ALN precipitation.

Al additions have a severe detrimental effect on the hot ductility
of C-Mn-Nb steels, as shown in Fig. 2. 15 (Mintz and Arrowsmith,
1979). This effect is due to the refinement of Nb(CN) precipitates,
which leads to a reduction in grain boundary mobility, rather

than increased A1IN precipitation. In fact, AIN precipitation was
only observed in these steels for soluble Al levels > 0.07%,

using a 60°C/min. cooling rate. Mintz and Arrowsmith proposed

that this refinement of Nb (CN) was due to an increase in the

driving force for Nb (CN) precipitation with increasing Al levels.



2.9.3. Ti

Desai (1959) and Biggs (1959) showed that ingot panel cracking

in Al grain refined steels could be reduced by the partial
replacement of Al with Ti. Woodfine and Quarrell (1960) obtained
similar results, and also showed that Ti additions reduced the
amount of AIN precipitation at the austenite grain boundaries.

A later investigation by Ericson (1977) concluded that the amount
of pro eutectoid ferrite in castings was an important factor in
determining their ductility and that the retardation of the
austenite to ferrite transformation associated with Ti additions
improved ductility. In addition, Ericson showed that TiN, which
formed in preference to AlN, was precipitated uniformly throughout
the steel, whereas AIN tended to precipitate at austenite grain
boundaries leading to low ductility intergranular failures.

In addition to reducing ingot cracking, Ti additions have been
shown to have beneficial effects on hot ductility during high
temperature mechanical testing. Stone and Murray (1965) and
Harris and Barnard (1968) have reported that Ti additions to low
alloy steels improve their creep ductility. Mintz et al (1980)
investigated the influence of Ti on the hot ductility of micro-
alloyed steels using hot tensile tests and a cooling rate from
solution temperature of 60°C/min., to approximate that experienced

during continuous casting. They noted an improvement in the hot

ductility of C-Mn-Al steels with Ti additions. However, these
results could not be explained by the preferential formation of

TiN as opposed to AIN, since the rapid cooling rate employed

Suppressed the precipitation of AIN. They attributed the observed

improvement of ductility to the fine austenite grain size produced
by the stable TiN precipitates.
Although Ti additions have improved the hot ductility of C-Mn-Al

Steels, they have been less successful in improving the hot
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ductility of C-Mn-Nb-Al steels, since grain boundary precipitates
of NbCN are still formed. (Mintz and Arrowsmith, 1980) Ouchi and
Matsumoto (1982) also investigated the hot ductility of C-Mn-Nb-
Al steels with Ti additions, under similar cooling conditions to
those used by Mintz and Arrowsmith. Ductility was improved by the
addition of 0.018 Wt.% Ti and this was attributed to the grain
refining effect of TiN precipitates, and also to the reduction of

N available to form NbCN. Coleman and Wilcox (1985) have

reported a reduction in transverse cracking which is associated
with Ti additions, and have attributed this to a reduction in AlN
precipitation. However, Ti additions cannot always be made to Nb
grades to be used in the as rolled or normalised conditions, since
strength and toughness are impaired.

Although in some cases, partial replacement of Al by Ti will
improve hot ductility, this is not always the case. As pointed

out by Funnell and Davies (1978), only thermal cycles which produce
coarse evenly distributed TiN particles which are less effective

in pinning grain boundaries can be expected to improve hot
ductility. When they used a thermal cycle producing fine TiN
pPrecipitates which pinned austenite grain boundaries, low ductility

failures were observed.
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2.9,4 v
Harris and Barnard (1968) reported that hot cracking of certain
low alloy steels containing 0.3%V was due to the precipitation

of VN at austenite grain boundaries. These precipitates were
thought to act as crack nucleation sites, and to inhibit dynamic
recrystallization. Later investigations by Hasebe et al (1972),
Mintz and Arrowsmith (1980) and Coleman and Wilcox (1985) using
hot tensile tests in the temperature range 650 - 1050°C showed
that V additions to C-Mn steels deepened (Hasebe et al) or
broadened (Mintz and Arrowsmith, Coleman and Wilcox) the ductility
trough normally associated with the austenite to ferrite trans-
formation in C-Mn steels. These results indicate that V has a
Slight detrimental effect on the hot ductility of steels, although
far less severe than that associated with Nb. Coleman and Wilcox
showed that the slight detrimental effect of V can be reduced by
the addition of Al. They explained these results by the decrease
in intrégranular VN precipitation, due to the preferential
formation of AIN. This produces a reduction in matrix hardening
by VN, and hence a more uniform strain distribution between matrix
and grain boundary.

Gittins and Muller (1974) investigated the strength and ductility
of C-Mn steels with V additions, using a hot impact test

Producing a strain rate of 55'1. They showed that over the
temperature range 850-1200°C, V additions of up to 0.07% had little

effect on either strength or ductility.



2.9.5 S and Mn:S ratio

It has been believed for many years that the hot shortness
exhibited by some steels in the temperature range 900 - 1150°C

is due to the presence of the low melting point compound FeS,
which forms liquid films at the austenite grain boundaries
(Kiessling, 1968). To prevent FeS formation a theoretical Mn:S
ratio of 1.7 is required, although in practic.e much higher
ratios are commonly used. The optimum Mn:S ratio necessary to
Prevent hot shortness in low S and high S steels has been the
Subject of a review by Mintz (1973), which concluded that for
both low and high S steels, hot workability is markedly reduced
below Mn:S ratios of 2-3. However, the optimum Mn:S ratio
varies for high S and low S steels: for low S steels, the
optimum ratio appears to be in the range 15-30. For high S
steels, this optimum ratio appears to be lower, in the region of
b4

S itself is also detrimental to hot workability, even when the
Mn:S ratio is sufficiently high to prevent FeS formation (Bellot
and Gantois, 1978). High S steels have a larger volume fraction
of MnS inclusions which can reduce hot workability, as discussed
in section 2.7. S also has a marked detrimental effect on hot
ductility near the solidus temperature (Sopher, 1958), and this
is believed to be due to the presence of liquid films in the
inter dendritic regions which do not freeze until temperatures
well below the solidus are reached (Brimacombe and Sorimachi,
1977).

The hot tensile testing below 1200°C of C-Mn and C-Mn-Al steels
With Mn:S ratios below 60 has revealed that after certain thermal
Cycles, low ductility intergranular failures can occur (Lankford,
19725 Wilber et al, 1975; Suzuki et al, 1982; Yasumoto et al, 1985) _

The loss of ductility during cooling below 1200°C is strongly
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dependent on the Mn:S ratio and thermal history of the steel.
The effect of thermal history is complex, but it can be said
that hot ductility is decreased with increasing cooling rate,
increased solution temperature, and decreased isothermal holding
time at the test temperature. Matsubara (1966) has attributed
the loss of ductility to matrix hardening of austenite by the
precipitation of sulphides, an explanation which is supported by
the high temperature strength measurements of Yasumoto et al.
Lankford has proposed that low ductility failures result from
the precipitation of liquid droplets of FeS at austenite grain
boundaries, which then form easy paths for crack propogation.
Weinberg (1979) has proposed that reheating causes local melting
of solute rich pockets which subsequently spread along the grain
boundaries, leading to brittle intergranular failure at the lower
test temperature. Suzuki et al (1982) have identified sulphides
and oxides on intergranular fracture surfaces, whilst Yasumoto
et al have shown using C extraction replicas, that intergranular
failures are associated with extensive grain boundary and matrix
precipitation of (Mn, Fe)S.

It is unlikely that this form of high temperature embrittlement
influences the transverse cracking of micro-alloyed continuously
cast slabs, as these grades of steels typically have Mn:S ratio
greater than 70, a composition which is not susceptible to this
form of cracking (Weinberg; 1979).

Mintz (1979) simulated the continuous casting of a C-Mn-Nb-Al
Steel using a Gleeble machine, and has shown that S levels in
the range 0.001 to 0.022 Wt.% have no influence on hot ductility
in the temperature range 750 to 1000°C. This implies that $ has
MO influence on transverse cracking, although S may be important
in crack formation near the solidus temperature. Despite this

aPParent lack of influence of S on hot ductility, Coleman and
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Wilcox (1985) have reported that MnS particles act as cavity
nucleation sites during transverse cracking, and that the
removal of MnS particles from grain boundaries by rare earth

treatment reduces transverse cracking.



2.9.6 C

Investigations into the influence of C content on the hot ductility
of steels have concentrated on two temperature regimes - between
500 and 1,200°C, or ductility near the melting point.

Hot ductility tests near the melting point have shown that brittle
failure can occur at temperatures approximately 30°C lower than the
solidus temperature. (Weinberg, 1979). This behaviour has been
attributed to incipient grain boundary melting. Increasing C
content, by lowering the solidus temperature, lowers the temperature
at which this form of brittle failure can occur. Morozenskii eﬁ
al (1965) have found that at temperatures just below the solidus,
fracture strain is at a minimum for steels with C contents in the
range 0.17 to 0.20%C. This effect may exacerbate cracking during
continuous casting. For example, Brimacombe and Sorimachi (1977)
have reported an increase in longitudinal mid face cracks for
Steels with C levels around 0.12%. In the lower temperature
regime, Robbins et al (1967) examined the influence of C contents
between 0.1 and 1.1% on hot workability using a hot torsion test.
Below the A1 temperature, hot ductility is first increased by

Small additions of C, then decreased at C levels above 0.1%.

They attributed this behaviour to the decrease in ferrite grain
Size associated with C contents of less than 0.1%. Above the A3
temperature, ductility increased with increasing C content. Robbins
€t al proposed that these results could be explained by the
increased self diffusion rate of iron in austenite with increasing
C content, However, later work by Gittins et al (1971) showed that
8 Stronger correlation was foﬁnd between O content and ductility
than ¢ content and ductility. Gittins et al therefore attributed
the increase in ductility with increasing C content as being due to
the decrease in volume fraction of oxide inclusions associated with

higher ¢ contents. The previous investigations were performed
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using high strain rate hot torsion tests, and it appears that
there have been few investigations into the influence of C on

hot ductility at intermediate strain rates. Ouchi and Matsumoto
(1982) investigated the influence of C on the hot ductility of

a micro-alloyed steel in the temperature range 600 - 1000°C.

For C contents in the range 0.081 to 0.20%, no change in hot
ductility was observed. An extensive investigation by Wray (1984)
covered steels with C contents in the range 0.007 to 1.89%C.
Severe embrittlement of the hyper-eutectoid was observed in the
pearlite and cementite, and austenite and cementite region of

the phase diagram.
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2.9.7 Other Elements

P It is well known that during solidification, P segregates
Strongly between growing dendrites, and it has been shown that

high P levels can lead to internal cracks in continuously cast
slabs (Fujii et al, 1975; Brimacombe and Sorimachi, 1977)
Fr‘aCtOgl”aphy of internal cracks formed near the solidus temperature
has revealed smooth fracture surfaces, which is often indicative

of the presence of a liquid film at the time of crack formation.

In accordance with this picture, it has been shown that P
drastically reduces strength and ductility near the solidus
temperature (Sopher, 1958). Thus increasing P levels can lead to
increased cracking in steels at temperatures from 1340°C to

the solidus temperature.

The influence of P on the formation of transverse cracks, which
Propogate at much lower temperatures, is less certain. Mintz and
Arrowsmith (1979) have reported a slight beneficial effect of
increasing P levels on the hot ductility of C-Mn-Nb-Al steels.

They have suggested that this is due to P atoms reducing the
Nucleation of NbCN at grain boundaries, by occupying NbCN nucleation
sites. However, Ouchi and Matsumoto (1982) have reported that P
levels between 0.004% and 0.026% havé no influence on the hot
ductility of C-Mn-Nb-Al steels.

0 0 effects the hot ductility of steels mainly through its influence
on the amount and composition of oxide inclusions (Gittins, 1977).
In &eneral, inclusions have a strong detrimental effect on hot
dUCtilitY, as discussed in section 2.6, thus increasing O content
reduces hot ductility by increasing the volume fraction of oxide
inclusions, 1p addition, O may increase the relative plasticity of
Sulphide inclusions (Smith et al, 1972) which may decrease hot
ductility, as described in section 2.6.

I Desay (1959) reported that the partial replacement of Al with
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Zr was ineffective in reducing panel cracking in ingots. Woodfine
And Quarrell (1960) also confirmed that in Al killed castings, Zr
additions did not prevent cracking. However, Coleman and Wilcox
(1985) have reported that Zr additions to C-Mn-Nb-A1 steels improve
hot ductility, in tensile tests due to a reduction in A1IN
precipitation.

Ca, Ce, La (Sopher, 1958) reported that additions of misch metal
(Ce 45-50%, La 30%, 20 - 25% other rare earths) additions to C-Mn
steels improved hot ductility near the melting point. This was
attributed to the reduced S levels associated with increasing misch
- additions, and also to the formation of rare earth sulphides,
with high melting points. Coleman and Wilcox (1985) have reported
that Ca or Ce additions can produce crack free continuously cast
slab, dus to the vemoval of sulphides from austenite grain
boundaries as the rare earth sulphides solidify in the melt.

N Mintz and Arrowsmith (1980) and Ouchi and Matsumoto (1982) showed
that increasing N level in C-Mn-Nb-Al steels produce a small
reduction in hot ductility. Ouchi and Matsumoto attribute this
effect to the formation of Nb Co.85 in low N steels, as opposed to
Nb CO.6 NO.25 in steels with N >0.005%. They proposed that Nb C0.6
NO. 23 Precipitates more rapidly in austenite than Nb C0.85, leading
to larger volume fractions of precipitate in the higher N steels.
Ouchi ang Matsumoto also showed that increasing N levels produced a
slight reduction in the hot ductility of C-Mn-Al steels.

Te Bellot and Gantois (1978) have shown that steels with Mn:Te of
less than 4.2 show poor hot ductility, due to the formation of iron
tellurige compounds with low melting points, leading to cracking of

the hot Shortness type.
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with hot deformation (from Sellars &

Tegart, 1972)
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3.1 INTRODUCTION

High temperature mechanical tests can be divided into two classes:
Creep tests, in which stress is the independent variable and strain
rate the dependent variable; and hot workability tests in which
Strain rate is the independent variable and stress the dependent
variable. Creep tests generally study materials behaviour in the
temperature range 0.4 - 0.7 Th, where Th is the homologous
temperature, and stresses which produce strain rates of less than
10-3 5-1. The hot workability test is designed to simulate a
Particular hot working process, and so such tests cover an
extremely wide range of temperatures and strain rates.

The information generally required from a hot workability test are
hot strength measurements, and some indication of the plastic flow
and fracture behaviour of the material at high temperature. Previous
studies into the transverse cracking of continuously cast slabs
have Concentrated on examining the fracture process, and have
Feported the variation of fracture strain with temperature, compo-
sition ang strain rate.

Many tests have been used to determine ductility under hot working
conditions, but the only ones capable of providing quantitive
information on fracture behaviour are the torsion test, impact test
and tensile test, The first two of these tests have been used to
Simulate not rolling processés, for which it is necessary to apply
high strain rates and large strains. The tensile test is not suit-
able for sycp work, because of the difficulty in obtaining high
Strain Pates, and in applying large strains before sample necking
begins, However, the hot tensile test has proved very popular in
the Study of transverse cracking, since such cracks form at strains
Of between 1 ang 2% (section 2.2.2), a strain usually below the
Value requipeq for sample necking.
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Ductilities from the hot tensile test can be measured by a) the
amount of uniform elongation, b) the total elongation at fracture,
or c) the reduction in area at the point of fracture. Uniform
elongation can be a useful measure.of fracture strain if little
Or no necking has occured, as sometimes happens with brittle,
intergranular fractures. However, it is not a suitable parameter
for comparing the wide range of ductility levels which occur when
the test temperature is varied over a wide range. Total elongation
at fracture comprises components of uniform elongation, and
elongation due to necking. The values of these two components
are a complex function of test temperature, strain rate, composition
and microstructure. This makes comparison of total elongation
measurements over, for example, a wide range of temperatures,
difficult, since at different temperatures, identical elongation
Mmeasurements may be made from samples having very different fracture
geometries, and hence different fracture strains. Reduction in
area measurements provide quantitive information on fracture strain
at the point of fracture, irrespective of sample fracture
geometries. This fracture strain, €f , is related to the initial
Cross sectional area, Ao, and final cross sectional area, A, by:-
€& = 1n (AO/A1 ) ceeeesss3.
Thus reduction in area is suitable for the comparison of ductility
Over a wide range of temperatures, and is the parameter used in the
Present study. The experimental details of the measurement of
reduction in area are given in section 3.2.4.
One of the principal disadvantages of the simple tensile test is
that of the difficulty in maintaining a constant true strain rate
as straining proceeeds. As straining proceeds in a tensile test
Using a constant cross head speed, true strain rate at the point

of fracture initially falls, as the sample elongates uniformly,
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but rises rapidly as heterogeneous deformation commences, and

most of the strain is concentrated in the neck. (Fig. 3.1)

Since flow stress and fracture strain are generally strain rate
deDendent, this is potentially a serious short coming of the
tensile test in the study of hot ductility. Methods for
maintaining constant true strain rates have been developed, as
discussed in detail by Moore (1968), but these can be complex

and expensive. However, hot ductility is relatively insensitive
to changes in strain rate, often requiring a change in strain

rate of a factor of 10 to produce noticeable changes in ductility.
(Suzuki et al, 1982) Since the changes in strain rate as
straining proceeds, are usually less than this, tensile tests
using constant crosshead speeds have proved adequate for the

study of hot ductility. Another potential disadvantage of the
tensile test is the hydrostatic stress state set up in a necked
Sample. Such stress states can have a strong effect on increasing
the rate of growth and coalescence of voids nucleated at inclusions
Within the specimen, an effect not present under the original hot
working conditions when such a hydrostatic stress state is not
Present,

Desbite these potential drawbacks, the simple hot tensile test
using a constant cross head speed has proved quite adequate for
hot ductility studies aimed at simulating the continuous casting
Process.

In the Present study, hot tensile tests using constant cross head
SPeeds have been used. Three different hot tensile tests were
used, and are described and compared in section 3.2. The metallo-
graphic techniques used to study precipitation are described in

Section 3.3,
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3.2 HOT TENSILE TESTS

3.2.1 Gleeble Test

The Gleeble machine has proved a popular method of investigating
hot ductility, and .has been used by Bernard et al (1978), Mintz

and Co-workers, Ouchi and Matsumoto (1982) and Suzuki et al (1982).
In their investigation, Mintz and Arrowsmith (1979) concluded that
laboratory hot tensile tests performed using a Gleeble machine
could be used to predict the transverse cracking behaviour of
continuously cast slabs.

The Gleeble equipment of the BSC Swinden Laboratories was used to
perform the tests detailed in chapter 4. The Gleeble test specimen,
having a diameter of 6.35 mm and gauge length of 165 mm is shown in
Fig. 3.2, Heating is by electrical resistance, which produces a
uniform temperature in a region approximately 1 cm in length. The
tests were performed in an argon atmosphere, and the initial strain
rate used was 3 x 10°3 5-1. Mintz and Arrowsmith (1979) have
given an indication of the repeatability of the Gleeble test by
performing 6 identical hot tensile tests. They reported that the
Standard deviation about the mean reduction in area of 36% was *3%.
3.2.2 Instron Tests

The second piece of tensile test equipment used was an Instron
model 1026 equipped with a split platinum wound furnace, illustrated
in Fig. 3.4 The tensile samples, having diameter 5.04 mm and
8auge lengtn 25.4 are shown in Fig. 3.3. Temperature control was
by means of 3 Pt v Pt 13% Rh thermocouple connected to a purpose
built Isoheat temperature controller unit, capable of maintaining
fixed heating and cooling rates. Thermocouples were attached to

8 dummy sample, and this showed that the temperature controller
Unit reading was 10°C higher than the actual sample surface

: le
temp'erature, and that the temperature difference along the samp
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gauge length was less than 5°C. Test temperatures were taken to
be the sample surface temperature, i.e. 10°C less than temperature
controller reading. Tests were conducted in a flowing argon
atmOSPhere, and the samples were also nickel plated, as decribed
in Appendix 1, to prevent decarburization. This procedure
restricted the decarburized layer to a thickness of 0.1 mm.
Tensile tests were performed using constant cross head speeds in
the range 0.75 mm s~ to 7.5 x 107> mms™'. An indication of the
Scatter on the results was obtained by repeating five tensile
tests. The standard deviation about the mean reduction in area of

55% was ¥ 49,

3.2.3 Induction heating tests

To enable rapid changes in sample temperature, and also to enable
Specimens to be cast 'in situ', tensile testing equipment using
induction heating, was employed. The equipment is shown;
SChematically in Fig. 3.5. Test samples having diameter 7.9 mm
and gauge length 80 mm, are shown in Fig. 3.6. Sample temperature
Was monitored using a Pt v Pt 13% Rh thermocouple at the sample
centre. The induction coil provided a zone of uniform temperature,
" 740 mm long, the sample temperature distribution being shown

in Fig. 3.7. Any samples which failed outside this zone of uniform
temperatypre was discarded. Tests were conducted in a flowing argon
atm°SPhel"e, and samples were strained to failure using a Houns-
fieldq Tensometer, with a constant crosshead speed of 0.04 mm s~
Assuming that the effective sample gauge length is 50 mm, this
€orresponds to an initial strain rate of 107> s™1. Repitition of

5 tests gave a standard deviation of 5% about the mean reduction in

area Values of 45%.

3.2.4 Measurement and Comparisons of Reduction in Area

i Obtain reduction in area values from fractured tensile samples,
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the fractured ends were examined under a low power (X10) micro-
Scope, and 10 measurements of the diameter at fracture to the
nearest 0.1 mm taken. Reduction in area values were then
Calculated, assuming that the cross section of the fractured
Samples remained circular.

Fig. 3.8 compares reduction in area values measured from samples
fractured using Gleeble, Instron and induction testing apparatus.
These resulﬁs show a good correspondence between the tests, so that

results from the various testing apparatus can be interchanged with

confidence.
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3+3 CARBON EXTRACTION REPLICA PREPARATION AND EXAMINATION

Samples for replication were first ground flat, and the area to
be examined was defined by the application of a non-conducting
lacquer. The sample was then electropolished for three minutes
using an electropolishing solution consisting of 200 parts
ethanol, 100 parts 2 - butoxyethanol and 52.5 parts perchloric
acid. The electropolishing solution was cooled to 0°C, and
electropolishing carried out at IIV, using a stainless steel
cathode. After electropolishing, the sample was etched for
approximately 30 s using a 2% nital solution, and then a carbon
film was evaporated onto the prepared surface at a pressure of
10_4 torr. The carbon film was then scribed into 3 mm squares,
and the replicas removed by immersion in a 5% nital solution.

The replicas were then washed in distilled water, and finally
Collected on 4 mm diameter copper grids. In the case of replicas
taken directly from fracture surfaces, the carbon film was
deposited directly on the fracture surface, and removed as des-
cribed previously.

Replicas were examined using a JEOL 100B microscope operating

at 60 KV. The microscope was equipped with an EDAX X-ray analysis
System, Capable of identifying elements with atomic number greater
than 11, The system was therefore, not capable af distinguishing
betwen carbide and nitride precipitates. The smallest spot size
dvailable was 50 nm in diameter, and this determined the minimum
distance between precipitates which could be analysed separately.
Precipitate sizes wepe measured directly from the negatives. To
Calculate a mean precipitate diameter, assuming spherical
pr'ecipitates, at least 200 measurements were taken from 3 separate

PePlicas taken from the same sample. The procedure adopted to

Calculate the mean precipitate diameter, Dm, for a precipitate
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distribution was that used by Weiss and Jonas (1980). It is
assumed that precipitates of diameter di are extracted from a
layer of matrix di thick, as illustrated in Fig. 3.9 Nsi, the
humber of precipitates per unit area of diameter di, is
measured direclty from the negative. However, it is Nvi, the
number of precipitates per mnnit volume of diameter di which is
required to calculate Dm. As shown in Fig. 3.9, Nsi and Nvi are
related by:-

Nvi = Nsi/di .eeenvu.. 3.2
Dm is then calculated using the formula:-

i sess 33
Dm = [ 3 Nvi di3 / ¥ Nvi ] 1/3 .
i i

To gain at least a semi-quantitive estimate of the particle dis=-
tribution at the austenite grain boundaries, the number of
Particles in a measured length of grain boundary was counted,

and hence the distance between particle centres, the interparticle
SPacing, was calculated. For any particular steel, these measure-
ments were based on approximately 200 particle counts taken from
different grain boundary regions, and from different replicas.
Such Measurements, although not providing absolute measurements of
the grain boundary precipitate distributions, are adequate for

making Comparisons between different steels.
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CHAPTER 4

The Influence of C Content on the
Hot Ductility of Plain C-Mn Steels
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4.1 INTRODUCTION

It is now well known that micro-alloyed steels, and particularly
C-Mn-Nb-a1 grades, can show a ductility trough in the temperature
range 700 - 1000°C, when tested using intermediate strain rates,

as described in section 2.9. This loss of ductility can lead to
transverse cracking in continuously cast slabs. The precipitation
of NbCN and AlIN during cooling have been shown to be important
factors in reducing the hot ductility of micro-alloyed steels.

A smaller but nevertheless marked ductility trough is known to
occur even in the absence of micro-alloying additions. (Mintz

and Arrowsmith, 1979; Yamanaka et al, 1980; Wray, 1981). In

this case the fall in reduction in area is believed to be due to
the onset of the transformation from austenite to ferrite, causing
Strain concentration to take place in the softer ferrite phase,
which forps as thin films around the austenite grains.

Because of the generally higher minimum ductility values given

by plain C-Mn steels compared to micro-alloyed steels these do

not give Problems on continuous casting and have therefore

Féceived less attention. Nevertheless for a complete understanding
of these ductility troughs a detailed knowledge of the ductility
trough in the absence of micro-alloying additions is required, and
Obtaining this information has formed the basis of this chapter.

ir transformation is the only controlling factor in dictating the
Position of the hot ductility trough in a plain C-Mn steel, then
Faising the ¢ content would be expected to lower the transformation
temperature ang move the hot ductility trough to lower temperatures.
Examining tpe influence of carbon content on the position of the
ductility trough should therefore give useful information as to the

°T181ns of the hot ductility troughs in plain C-Mn steels.
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4,2 EXPERIMENTAL

Plain C-Mn steels with the same base composition (1.4% Mn, 0.2%
Si) but with C contents in the range 0.04 to 0.65% were cast as 50
kg laboratory vacuum melts and rolled to 37 mm plates, finish
rolling at 1050°C. The chemical compositions are given in Table
4.1, Longitudinal tensile samples having the dimensions shown in
Fig. 3.2 were machined from all the steels and hot ductility tests
carried out using the Gleeble equipment at BSC Swinden Laboratories,
as described in section 3.2.1. The test pieces were given a
homogenizing treatment of 5 min. at 1330°C prior to cooling at
60°C/min. (similar to the cooling rate at the surface of the con-
tinuously cast slab) to a test temperature in the range 600 -

3§71, one

950°C and strained to failure at a rate of 3 x 10
Steel, the 0.65% steel, was tested under the same conditions, but
using the induction heating equipment described in section 3.2.3.
The results obtained from both sets of equipment can be éompared
directly quite confidently. (section 3.2.4)

The austenite grain size prior to testing was established by
heating Samples to 1330°C for 5 minutes using a muffle furnace,
temperatyre being established by a thermocouple embedded in the
Sample. The samples were then cooled at a rate to give outline-
ment by ferrite. Austenite grain sizes were then determined using
the linear intercept method. Carbon extraction replicas were also
taken close to the point of fracture on selected steels in the
temperature range 700 to 850°C, and the inclusions present analysed.
Longitudinal sections, including the place of fracture, were taken
from the broken samples and also prepared for metallographic
€Xaminatjgp, Although cooling rates after fracture were fast, they
were not always fast enough to prevent further transformation

e
occurring during cooling to room temperature. However, ferrit
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formed after fracture could readily be distinguished from that
present before, as the former showed side plate formation. The
thickness of the austenite grain boundary ferrite present before
cooling was measured using an oil immersion lens. Measurements
were taken within 5 mm of the fracture surface, and the apparent
grain boundary ferrite thickness was taken as the mean of approxi-
mately 70 measurements. This apparent ferrite thickness is an
Over estimate of the true ferrite thickness, due to the sectioning
effect.

Examination of fracture surfaces was carried out using a JEOL T100
Scanning electron microscope operating at 25 KV.

The AP3 and Ar1 temperatures after heating to 1330°C, holding for
5 minutes, ang cooling at 60°C/min. were obtained for all the
Steels using a Theta dilatometer. Equilibrium transformation
temperatures were calculated using the method of Andrews (1965).
The transformation temperatures for the fractured tensile samples
Were estimated metallographically, the A3 temperature being taken
S the temperature at which ferrite was first observed in the

metallographic specimens. of fractured tensiles.
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4.3 RESULTS

4.3.1 Hot Tensile Tests

The curves of reduction in area against test temperature are
glven in Fig. 4.1. All the steels show a marked ductility
trough, reduction in area falling from 90% to about 30%. The
depth of the trough is similar for all the steels, but the
Position and width vary with C content. The ductility of the
0.04%C steel starts to fall at about 900°C, and reached a
minimum in the temperature range 750 to 820°C. Ductility is
fully recovered when the temperature is further lowered to 700°C.
As the C content is raised from 0.04 to 0.28%C, there is a
8radual movement of the ductility trough to lower temperatures.
At the 0.28%cC level, the ductility trough has been shifted to
lower temperatures by approximately 90°C. The 0.35 and 0.65%C
Steels show different trends and both of these steels have
similar hot ductility curves with ductility troughs extending
OVer a very wide temperature range of 250°C. The results of
Fig. 4.1 nave been re-plotted in Fig. 4.2 to show the variation
in ductility with C content at 600 and at 900°C. At 900°C,
reduction in area values are independent of C content up to 0.35%C,
when there is a large drop in hot ductility resulting from the
eXtended ductility troughs of the 0.35 and 0.65%C steels. At

6°0°C, reduction in area values are again independent of C content.

Fig. 4.3 shows the variation in peak stress, Op, with test
tempef'atur'e for all six steels. Op decreases as temperature
increases for all six steels. Fig. 4.4 shows the influence of C
content on peak stress at 900°C and at 600°C. At 600°C, there is
& clear increase in hot strength with increasing C content, peak

Stress increasing from 170 to 215 MPa as the C content increases

from 0,04 to 0.35%C. At 900°C, hot strength decreases slightly
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fram 50 to 42 MPa as the € content increases from 0.04 to 0.65%C.
4.3.2 Metallography

Austenite grain size measurements as a function of C content are
shown in Fig. 4.5. This shows that grain size is independent of

c content, and is approximately 360;1n\for all six steels.

The form of the grain foundary ferrite is shown in Fig. 4.6. 1In
addition to grain boundary ferrite, this micrograph shows ferrite
Sideplates, formed during cooling after fracture, and a bainitic
matrix, Measurement of apparent grain boundary ferrite thickness
for steels 2 to 5, along with the appropriate hot ductility curve,
are shown in Figs. 4.7 - 4.10. Figs. 4.7 - 4.9 indicate that the
ninimum of the ductility trough is associated with very thin films
( - 4um) of grain boundary ferrite, and ductility only begins to
Fecover as the ferrite thickness increases rapidly as the tempera-
ture is lowered. Fig. 4.10 illustrates that for the 0.35%C steel,
the ductility minimum is reached at temperatures well above that

at which grain boundary ferrite is observed. The 0.65%C steel is
Of near eutectoiq composition, and ohly yery small smounts of

grain boundary ferrite were observed, and only at temperatures
below 700°¢,

Figs. 4.17 _ 4.13 show micrographs taken just behind the fracture
Surfaces of samples of the .19% steel, fractured at temperatures
above, below and within the ductility trough. Fig. 4.12, which
shows failure at the ductility minimum J,-plays the features

Common tgo all observed failures at the ductility minimum; coarse,
un-Pecrystallized austenite grains, showing outlinement by thin
films Of ferrite; and cracks forming within this ferrite, due to

the Mucleation and growth of voids at inclusions within the ferrite.
Fig. 414 shows such a crack in greater detail. The 0.35 and

0.65%¢ Steels again showed intergranular failure at the ductility
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minimum, but for these steels, intergranular failure occurred in
the single phase austenite. Fig. 4.15 shows intergranular

€racking in the .35%C steel, tested at 850°C. These cracks
generally occur at 45° to the tensile axis, and appear to be

'"W' type cracks.

SEM examination of fracture surfaces revealed four distinct

modes of fracture; low temperature ductile rupture; intergranular
microvoid coalescence; intergranular decohesion; and high
temperature ductile rupture. An example of low temperature

ductile rupture (LTDR) is shown in Fig. 4.16. This mode of
fracture has been well documented, and is associated with the
nuCleation, growth and coalescence of voids at second phase
Particles. 1p the present study, void nucleation occurs mainly

by decohesion of the matrix-inclusion interface at MnS inclusions,
and for this mode of fracture, reductions of area of greater than
80% were Produced. T.DTR was observed for all six steels at test
temperatures of 600°C and below, at 650°C for the 0.04 and 0.10%C
Steels, ang at 700°C for the 0.04%C steel.

Fig. 4.17 illustrates the features of the intergranular microvoid
oalescence (IMC) mode of fracture. Microvoids, often associated
With secong phase particles cover the facets of the austenite
grains, Analysis of the second phase particles using energy dis- -
Persive analysis or X-rays (EDX) indentified these particles as
M0Ss Stedls 1 6o 5 exiibit this Fractore mode, over temperature
Fanges corresponding to the existence of this ferrite films at
the grain boundaries, and the reductiop of area values associated
with 1Mc are approximately 35%.

The third moge of fracture, intergranular decohesion (ID) is shown
in Fig. 4.18. This mode of fracture is distinguished from IMC by

the fiat austenite grain facets, which, although showing MnS
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iHCIusions, lack micro-voids. In some cases, wavy ridges are
apparent on the grain facets, similar to those observed by

Ouchi ang Matsumoto (1982) in micro-alloyed steels, and to those
observed by Ohmori and Maehara (1984) in an Nb containing
austenitic stainless steel. It seems likely that these wavy
ridges are due to the intersection of slip bands with the grain
boundary during deformation, as suggested by Ohmori and Maehara.
ID was the mode of fracture observed for the 0.65%C steel at
temperatyres below 900°C, and in the 0.35%C between 700°C and
900°cC.

ID was also occasionally observed in the lower carbon

Steels, at temperatures near the high temperature extent of
the ductility trough.

Fig. 4,19 illustrates the fourth mode of fracture, high temperature
ductile rupture (HTDR). Large voids are apparent on the fracture
Surface, greater in size than those associated with LTDR, and
@PParently not associated with second phase particles. ALl six
Steels shoyw this failure mode. For steels 1-4, HTDR occurs at

test temperatures greater than 850°C, whilst for steels 5 and 6,
HIDR occurs at temperatures greater than 900°C. Reduction in

area values for HTDR are greater than 80% for all six steels.

Nray (1975) has observed this mode of failure in austenitic irom.
It is believed that the large voids apparent on SEM fractographs
¥ere °riginally intergranular cracks, formed at an early stage of
deformation. As deformation proceeds, the original grain boundary
crack is distorted into an elongated void, until final failure
occurs by necking between these voids.

It shourg be noted that in most fractured tensile samples, more
than One of the fracture modes described previously has contributed
to fina) failure, although usually, one mode is dominant.

Figs, 4.7 -~ 4.10 and Fig. 4.20 - 4.21 show the temperature range
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Over which each failure mode occurs for each steel, together with

ductility and transformation data.



4.3.3 Dilatometry

Table 4.2 shows the Ar3 and Ar1 temperatures determined by
dilatometry. 4 change in C content from 0.04 to 0.65% has led

t
0 a fall of 174°C for the Ar. and 119 for the Ar1 temperatures.

3
A
1so shown are the metallographically determined Ar3 temperatures,

whi .
hich are typically 100°C greater than the dilatometric Ar,
te

Mmperatures. Unfortunately, the 0.04%C was cooled too slowly

aft
er fracture to allow Ar3 temperatures to be reliably determined

met
allo@Paphy. The Ae3 and Ae1 temperatures determined using the

fo
rmula of Andrews (1965) are also shown. The Ae. temperatures

3
fe

11 from 865° to 720°C as the content increased from 0.04 to
0.6

5%. The A1 temperature remained constant at 713°C.
The dilatometric Ar3 and AP1
Ae

3 and Ae1 temperatures and their relationship to the hot

temperatures, and the calculated

ductilj
Ctility curves are shown in Figs. 4.7 - 4.10, and Figs. 4.20 -

4.21,



4.4 DISCUSSION

The f‘Or‘esomg results clearly show the existence of a ductility
trough in the high temperature tensile behaviour of C-Mn steels
With a wide range of C contents. .These results compare well
With those Obtained by previous workers, using steels of similar
Compositions, and tested using similar strain rates. (Fig. 4.22)
The influence of ¢ content on peak stress is in agreement with
that reported by other workers. (Wray, 1984 ). The present
Pesults have also ‘shown that when the failure mode is HTDR,
reduction of apes values are independent of C content. This is
In conflict with tge results reported by Robbins et al (1967)
using hot torsion tests. They observed an increase in hot
ductility with increasing C content, and further work by Gittins
(1971) Showed that this increase was due to the decrease in 0

content, ang hence oxide inclusions, associated with higher C

contents. 1p the present study, O analysis was unfortunately,

not available, but it is likely that all six steels had similar,

low o contents, since all were vacuum melts. This would account

for the 1ack Of sensitivity of hot ductility to C content in the
dustenitic state.

The hot ductility and metallographic observations also show the
importanCe Of the austenite to ferrite transformation in controlling
hot ductility in the lower carbon steels (1-4 inclusive). Raising
the ¢ content in these steels lowers the transformation temperatures,
and as a consequence, moves the ductility trough to lower
temperatures. Fracture occurs by intergranular microvoid coalescence.
Strain jq Concentrated in the softer ferrite phase, allowing

ductile Voiding to occur around the MnS inclusions, these cavities
Sventualyy linking. The difference in dilatometric and metallo-

8raphj. Ap3 temperature imply that the ferrite surrounding the
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austenite 8rains is deformation induced. Previous work by

Bernard et a3 (1978) also showed that transformation temperatures
determined metallographically from fractured tensile samples were
higher than those determined by dilatometry, using the same

cooling rates. Work by Kozasu et al (1976) and by Roberts et al
(1980) has also shown that deformation raised the temperature at
which the austenite to ferrite transformation commences. For

large deformations their work has shown that the transformation
temperatuyre may be increased by over 100°C. This effect is due

to an increase in the effective ferrite nucleation area per unit
volume accompanying deformation. These additional ferrite
Nucleation sites are believed to be at deformation bands and

bulges at austenite grain boundaries caused by deformation.

ReCOVepy of ductility on lowering the test temperature seems to be
Felated to the thickening of the ferrite films, in agreement with
the results of Ouchi and Matsumoto (1982). It should be noted

that even at temperatures which give reduction in area values of
50% at the low temperature end of the ductility trough, the actual
AMOUNt of ferrite is very small. Hence only a very thin film is
Fequired tqo 8ive intergranular failure in the coarse grained steels,
and these films, although thin when deformation induced, thicken
Fapidly once the Ar3 temperature is reached. Indeed the temperature
at which ductility first starts to recover does correspond
aPDPoximately to the dilatometric Ar3, and this indicates that the
width of the trough may be controlled by the difference in
temPef‘ature between the deformation induced transformation temperature
and the dilatometric Ar,. Under more equilibrium conditions, the
M1dth wou1q be expected to become narrower, and results confirming
this are discussed in subsequent chapters. In the present instance

i Cooling rates are high, it seems likely that deformation can
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raise the transformation temperature (Ar3) close to equilibrium
values.

An additional factor which may lead to the recovery of ductility at
low teét temperatures is the fact.that the strength differences be-
tween austenite and ferrite decreases slightly as the temperature

is reduced. (Wray, 1981). This would be expected to reduce strain
concentration in the ferrite, and hence improve ductility. Support
for this idea is shown by the fact the the .10%C steel requires a
much thicker ferrite film to restore ductility than either the .19%C
or the .28y steel, the ductility of which recovers at lower tempera-
tures.

For the higher C steels hot ductility behaviour is clearly very
different. Raising the C level from 0.28 to 0.35%C causes the
temperature at which ductility starts to fall to increase by over
100°c. Intergranular fracture now takes place in the austenite at
as high a temperature as 850°C. The extended nature of the ductility
trough in the higher C steels arises not only because C appears to
Promote intergranular failure in the austenite, but also because
inCPeasing C content lowers the transformation temperature. Further-
More, in the case of ‘the .35%C steel, it is likely that when trans-
formation does finally occur, strain concentration in the softer
deformation induced ferrite will then take place, as for the .28%C
Steel.

The influence of C in encouraging failure to occur in the austenite
is aPpParent even at C contents of less than 0.35%. Examination of °
Figs. 4.7 _ 4.9 clearly shows that the difference between the Ae,
temperatyure ang the temperature at which ductility first starts to
faly increases with C content. This difference increases from

Z€r0 for an 0.1%C steel to 50°C for an 0.28%C steel. Loss of

dUCtility in this range must be controlled by processes occurring
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in the austenite, and this is confirmed by the absence of ferrite
films and the first appearance of some flat faced fracture surfaces
Characteristic of intergranular failure in the austenite. However,
it is not until the C content reaches 0.35% that full intergranular
failure in the austenite occurs.
To try to establish possible reasons to account for the difference
in fracture behaviour between high and low carbon steels, careful
€Xamination was made both optically and using carbon extraction
replicas of the sulphide distribution. No significant differences
were found between the sulphide distribution in low and high C steels.
In order to obtain more information on the hot ductility behaviour of
low and high C steels, it was decided to pesform hot tensile tests at
a variety of strain rates to determine the activation energy for
deformation, Q. the steels chosen were the .19%C steel, and the
-65%C steel. Hot tensile tests were performed as before, but using
the Instron equipment described in section 3.2.2. Strain rates in the
range 3 x 10_2,- 3 % 0% 5~ wers used, and tests performed in the
temperature range 850 to 1050°C.
Stress strain rate and temperature can be correlated using equation
2.3 for low stresses, equation 2.3 reduces to:

€= A0 exp - Q/RT veevvnneennnn. 4.1
where € is the strain rate, A and n constant, O stress, R the
Universal gas constant, and T the test temperature.
The validity of equation 4.1 under the present conditions is shown
by Figs. 4.23 and 4.24 which shows a linear relationship between
100D and 1/T for the .19 and .65%C steel at c constant strain rate.
The activation energy for deformation, Q, is obtained from the
gradient of the plot of 1lné€ against 1/T at constant stress, Figs.4.25
and 4.26, The stress exponent, n, is determined from the gradient

of the Plot of 1né against lnop at constant temperature, Figs. 4.27
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and 4.28. The values of Q and n are shown in Table 4.3, together
with other values of Q and n from previous work. It can be seen
that the present results are in good agreement with the results

of previous workers. In Fig. 4.29, values of the activation

energy for deformation are plotted against C content, and it can

be seen that there is a systematic increase in Q with C content.

It is Suggested that this increase in activation energy is
Sufficient to retard the onset of dynamic recrystallization or to
decrease the rate of dynamic recrystallization if it occurs. This
Would be expected to decrease hot ductility by reducing the rate

of grain boundary migration, and hence allowing intergranular
failure to occur in the austenite.

Fig. 4.30 shows the sample elongation to peak stress for the .19%C
and .65%C steels at various strain rates and test temperatures.
This Sample elongation to peak stress is simply related to €.

the critical strain for the nucleation of dynamic recryétallization,
as discussed in section 2.3.3., and Fig. 4.30 shows the expected
trends with strain rate and temperature, i.e. €_ decreases with
decreasing Strain rate and increasing temperature. Unfortunately,
the Pesults were not accurate enough to confirm whether increasing
C content did in fact retard the onset of dynamic recrystallization
behavioyr of the .19 and the .65%C steels. Hopefully, further tests
Will be able to clarify more precisely any differences in

Fecrystallization behaviour between low and high C steels.
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4.5 CONCLUSIONS

1.

The existence of ductility troughs in the high temperature
tensile behaviour of C-Mn steels tested using intermediate
strain rates has been confirmed.

For steels with C content less than .35% low ductility
failures are intergranular in nature, and are due to strain
concentration in the soft, ferrite films at the austenite
8rain boundaries.

For steels with C content less than .35%, decreasing the C
content raised the ductility trough to higher temperatures,
due to the increase in transformation temperature.

For steels with C contents > 0.35%C, low ductility inter-
granular failures occur in the austenite, fundamentally
different behaviour to that observed in lower C steels.

The activation energy for deformation has been shown Fo
increase the increasing C content and it is proposed that
this increase is responsible for the low ductility failures

Observed above the A3 temperature in higher C steels.
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C;de [ ¢ Si S P Mn N Ni cr Mo

O.

h\
1 .04 .20 .013 | .002 .50 | .004 .04 .03 .01
2 .10 | .20 .013 |.002 | 1.50 | .004 | .04 .03 .02
3 .19 | .20 .013 [.002 | 1.40 | .004 | .04 .03 .02
4 .28 | .20 .013 | .002 | 1.50 | .004 | .04 .03 .02
5 .35 | .17 .009 | .002 | 1.31 | .004 | .04 .06 .02
6 6481 .275 | .003 |.002|1.39 | .005 | NV NV NV
JEﬁﬁfLﬁ;l Compositions of the steels examined

NV = no value

(Wt .%)




Transformation temperatures (°C)
Code No. | C content

(Wwt.%) Dilatometric |Metallographic | Calculated

Ar'3 Ar'1 Ar3 Ae3 Ae1

1 0.04 772 644 - 865 713

2 0.10 T44 584 790 840 | 713

3 0.19 697 | 560 775 g13 | 713

4 0.28 650 550 750 782 | 713

5 0.35 600 480 710 770 | 713

6 0.65 598 525 - ‘720 | 713

M Transformation temperatures determined by dilatometer,
metallographically, and by the method of Andrews (1965)



—

1

Reference C Content (wt.%) {Q (KJ mol™ n
Sellars and Tegart (1966) - 280 4.7
Sankar et al, (1979) 0.14 308 5.1
Present work 0.19 290 5.2
Sellars and Tegart (1966) 0.25 300 4.6
Present work 0.65 330 5.5
Sellars and Tegart (1966) 0.85 339 4.55
Sellars and Tegart (1966) 1.2 390 4.55

——

T
Table 4.3

activation energy for deformation, Q, and

stress exponent, n.

Influence of C content in C-Mn steels on the
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Fig. 4.6

Grain boundary ferrite and side plate formation in .1

steel, tested at 600°C.
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Fig.4.11 Optical micrograph showing point of fracture of the 0.19%C
] steel tested at 600°C. (R of A 90%)

200 um

Fig.4.12 Micrographs illustrating grain boundary cracz3;?rmatlon
in the 0.19%C steel tested at 650°C (R of A
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Fig.4.13  Micrograph showing point of fracture of the 0,19%C steel
tested at 650°C.

Fig.4.15 Crack formation in the 0.35%C steel tested at 850°C.



Fig. 4.14 Detail of crack formation in .19%C steel tested at
65020
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Intergranular micro void coalescence (IMC) fracture mode,
showing void formation on grain facets. 0.10%C steel

tested at 775°C.
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Fig. 4.18 Intergranular decohesion (ID) fr
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CHAPTER 5

The Influence of Grain Size on the
Hot Ductility of C-Mn steels
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5.1 INTRODUCTION

Extensive studies in the field of creep have generally shown
that high temperature ductility increases with decreasing

grain size. (Bywater and Gladman, 1976; H.E. Evans, 1969;
Katumba Rao et al 1975; Reynolds and Gladman, 1980) Similarly
hot ductility in fensile testing is improved with refinement

in grain size, the ultimate situation being reached in those
alloys which give super plastic behaviour at ultra-fine grain
sizes. In the case where failure is intergranular, the
beneficial effect on ductility of refining grain size in creep
tests is believed to be due to either a decrease in the grain
boundary sliding rate or more likely the difficulty in prope-
gating grain boundary cracks formed on sliding through triple
points. (Bywater and Gladman, 1976; Kutumba Rao et al, 1975).
It has also been suggested that the crack aspect ratio which
controls the stress concentration at the crack tip wili be
higher in coarse-grained materials, and encourage crack propo-
gation (Kutumba Rao et al, 1975).

In the case of micro-alloyed steels, there has been little
indication from hot tensile tests that grain size has any
significant influence on hot ductility. Work by Carlsson (1964)
and Ouchi and Matsumoto (1982) on C-Mn-Al and C-Mn-Nb-Al steels
showed no influence of austenite grain size on hot ductility
after brittle intergranular failures. However, Schimidt and
Josefsoon (1974) have observed that in the straightening of hot,
continuously cast strands, cracks are associated with coarse
austenite grains and that such cracking is reduced when.the
formation of coarse austentite grains is prevented by the use
of suitable secondary cooling patterns. Since many micro-alloyed

steels are susceptible to transverse cracking during continuous
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casting, it is important to define the role of grain size in
controlling hot ductility. In order to do this, it is necessary
to separate the effect on hot ductility of micro-alloying
precipitates from that of grain size. Therefore, the influence
of grain size on hot ductility in plain C-Mn steels needs to

be established before progress can be made in establishing its
influence on micro-alloyed steels, and this has formed the basis
of this chapter, whilst micro-alloyed steels are investigated in
the subsequent chapter.

The results of chapter 4 established that raising the carbon
content changes the mode of intergranular fracture from failure
along thin films of ferrite surrounding the harder austenite
grains, to intergranular fracture caused by grain boundary
sliding in the austenite. Because these two modes of fracture
may be influenced differently by grain size, a low carbon and

a high carbon steel investigated in the previous chaptér were

chosen for the present study.
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5.2 EXPERIMENTAL

The compositions of the low, 0.19%C, and high 0.65%C steels

are given in Table 5.2, being the same as those investigated

in the previous chapter. Processing details are given in
Section 4.2. Tensile samples were machined from the plates with
their axes parallel to the rolling direction. For the 0.19%C
steel, hot ductility tests were carried out using the Instron
equipment described in section 3.2.2, the dimensions of the
samples used being shown in Fig. 3.4. The initial grain sizes
prior to testing were varied by heating to temperatures of
925°C, 1070°C and 1220°C. After 15 minutes at one of these
temperatures, the samples were cooled at 10°C min-1 to test
temperatures in the range 650 to 925°C, and after holding for

15 minutes, strained to failure at a rate of 3 x 10-3 3—1.

For the 0.65%C steel, tests were performed using the induction
heating equipment described in section 3.2.3, with tensile
sample dimensions given in Fig. 3.6. The temperatures used to
produce a similar variation in initial grain size were 950,

1250 and 1330°C, and after holding for 5 minutes, the samples
were cooled at 60°C min~ ' to test temperature.

The results shown in Fig. 3.8 show that for similar strain rates,
comparable results are obtained from both Instron and induction
equipment, and so. results from the 0.19%C steel and 0.65%C can
be compared directly.

The austenite grain size prior to testing was established by
simulating the heat treatments given to the tensile samples to
achieve the various grain sizes and then cooling at a rate to
give outlining by ferrite. In the case of the 0.19%C steel, the
heat treatment given to samples prior to testing using the

Instron were simulated on small samples which were then quenched.
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In this way the presence and amount of ferrite prior to tensile
testing could be determined. Rapid cooling could not be

carried out on tensiles immediately after fracture using the
Instron, so that the amount of ferrite present after deformation
could not be deduced. However, some indication of the influence
of deformation on transformation could be obtained from samples
which had been cooled rapidly after the Gleeble testing
performed in the previous chapter. The higher C steel was close
to eutectoid coﬁposition, so that at the test temperatures used,
intergranular fracture would always occur in the austenite.
Fracture examinations were carried out using a JEOL T100 SEM.
Some limited dilatometry work using a Theta dilatometer was also
carried out on these steels to try and establish the Ar3

temperature under the conditions used.
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5.3 RESULTS

Be3: 1 Metallography

The austenite grain sizes corresponding to each reheating
temperature for the .19%C steel and the .65%C are shown in
Table 5.2. Grain sizes for the steels after reheating to
1330°C were taken from the results shown in Fig.4.5. For the
+19% steel, grain size increased from 70 to .290 um as the
reheating temperature increased from 925 to 1220°C. For the
+65%C steel, grain size increased from 50 to 300 um as the
reheating temperature increased from 950 to 1330°C.

Fig. 5.1 shows the variation of ferrite volume fraction with
test temperature for grain sizes in the range 70 to 290 um
for the .19%C. The rate of the y—a transformation is
pProgressively decreased as grain size increased. Fig. 5.1
also shows the precise determination of the Ar; temperature
by metallographic techniques is difficult, due to the .
asymptotic nature of the curve, but the temperature for 1%
transformation for all three grain sizes appear to be in the
range 750 - 770°C. Calculated equilibrium temperatures for
the .19%C steel using Andrews' formula (1965) gave values of

813 and 712°C for the Ae, and Ae, temperatures respectively.

1
Examination of C extraction replicas taken from samples of the

< 19%C steel reheated to 925°C and a Gleeble sample reheated to
1330°C during the tests described in chapter 4, showed similar
Ssulphide distributions, consisting of randomly distributed
Sulphides.

5.3.2 Hot Ductility

The curves of percentage reduction in area against test temperature

in the range 600 - 900°C for the 0.19%C steel for the three grain

sizes are shown in Fig. 5.2. Also included in this figure is
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the curve obtained in chapter 4 for the 0.19%C steel under
Gleeble test conditions, i.e. reheated to 1330°C, and cooled
to test temperature at 60°C min.”'.

In the case of the finer grained steels (70 and 180 um),
ductility started to fall markedly at temperatures below 775°C,
and reached a minimum at 750°C. Ductility recovered rapidly

as the test temperature is lowered further. In the case of

the coarse grained material (290 um), the ductility started to
drop at 810°C, and minimum ductility occurred close to 800°C.
For the Gleeble tested samples, ductility began to fall at a
temperature of 800°C, reaching a minimum at 700°C. The minimum
ductility value for the Gleeble tested samples was 35%, com-
pared with about 55% for the finer grained, Instron tested
material.

Fig. 5.3 shows the curve of reduction in area against test
temperature for the 0.65%C steel at the three grain sizes (50,
180 and 300 Mm). For the two finer grained materials,
ductility remained good over the entire range of test temperature,
whilst for the coarse grained material, low ductility failures
Ooccurred below test temperatures of 950°C.

5:3.3. Fractography

SEM fracture examinations have shown that the failure mode in
the low ductility temperature range was always intergranular,
and typical examples are shown in Fig. 5.4. The majority of
intergranular fracture surfaces in the 0.19%C steel were of the
intergranular microvoid coalescence type described in chapter 4,
consisting of ductile dimples associated with MnS inclusions on
the grain facets. The results of chapter 4 indicate that this
fracture mode is usually associated with failure occurring in

the thin ferrite film formed around austenite grains on trans-
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formation. At test temperatures near the Ae, temperature,
OCcasional flat grain facets were observed, which are thought
to be indicative of failure occurring in the austenite due to
grain boundary sliding, as described in chapter 4.

The low ductility failure which occurred in the coarse grained
0.65%C steel were again intergranular, but of the intergranular

decohesion type described in chapter 4 (see Fig. 4.18)
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5.4 DISCUSSION

The results of chapter 4 have confirmed the existence of a
ductility trough associated with the Y toa transformation

in C-Mn steels and shown that altering the transformation
temperature by varying the C content produces a corresponding

shift in the position of the ductility trough. Coarsehing the
grain size would be expected to lower the transformation
temperature, but there is little indication that changes in

grain size have a corresponding effect on the position of the
ductility trough. Indeed coarsening the grain size from

180 to 290 um raises the temperature at which ductility first
starts to fall by 50°C, Fig. 5.2.

In the case of the two finer grained steels (70 and 180 um),

the temeprature at which hot ductility began to fall corresponded
fairly well to the Ar, temperature determined from Fig. 5.1.
Reference to Figs. 5.1 and 5.2 shows that at the minimum ductility
temperature of 750°C, the finer grained material (70 um) has 5%
ferrite present prior to deformation, whilst the coarser grained
material (180 um) has 1% present. Full recovery of ductility
below 750°C occurs when approximately 30% ferrite is prosia prior <o
deformation, and this increased volume fraction of ferrite,
together with the decrease in strength difference between austenite
and ferrite which occurs on lowering the temperature, (Wray, 1981)
would be expected to reduce strain concentration at austenite
grain boundaries as discussed in chapter 4.

In the case of the coarsest grained material examined, (290;tM),
the ductility started to drop close to the calculated equilibrinm
temperature of 813°C, and minimum ductility occurred close to
800°C, Fig. 5.2. From an examination of Fig. 5.1, it is reasonable

to suggest that the Ar, temperature for this steel was about 720°C.
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It therefore seems likely that for this grain size,
deformation can raise the transformation temperature at the
boundaries so that it is possible for ferrite to be formed at
high temperatures, giving rise to a much extended ductility
trough.

Unfortunately, the Instron testing arrangements did not allow
rapid quenching of samples after failure so the presence of
ferrite after deformation could not be determined. However,
the Gleeble tests of chapter 4 involved rapid cooling after
testing which enabled ferrite formed during deformation to be
detected. The same steel, when cooled rapidly to the test

temperature from 1330°C so that the Ar. temperature was lowered

3
to 697°C (using a Theta dilatomer) gave an extended ductility
trough, Fig. 5.2. The austenite grain size prior to deformation
in this case was coarse (350 pm) and examination of sa@ples
fast cooled after fracture showed the presence of thin films

of the softer ferrite phase surrounding the austenite grains at
temperatures well in excess of the Ar,. Evidence for
deformation induced ferrite was found for temperatures up to
800°C. It therefore appears that in coarse grained material,
deformation induced ferrite can have a considerable influence
widening the hot ductility trough. At the coarser grain sizes
it seems that deformation can raise the Ar, temperature to
almost the Ae,. Because of this, the portion of the hot
ductility curve between A and B in Fig. 5.2 is not significantly
influenced by the large change in Ar; which takes place on
altering the cooling conditions.

These results would seem to indicate that in the finer grained

steels, (70 and 180 um) deformation between the Ae, and Ar;

temperatures has little influence on the position of the ductility
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trough.

Possible reasons for this are (a) the high surface area/

volume ratio of the grains reduced the local deformation at the
boundaries so that it is insufficient to produce ferrite, (b)
the ferrite films produced are discontinuous thus not allowing
€asy crack linkage, or (c) nucleation sites are so numerous in
the fine grained steel that deformation has little influence in
providing extra sites. Certainly the ferrite formed in coarse
grained material tends to grow along the P boundaries and as a
consequence only a very small amount is required to produce a
continuous network and this can be compared to finer grained
materials where growth is more equiaxed, Figs. 5.5 and 5.6
respectively.

In order to substantiate that hot ductility was not being
influenced by deformation at finer grain sizes, the fiqest
grained (70 um) steel was given slightly faster cooling to test
temperature (15°C/min.) and tested immediately to failure on
the Instron, Fig. 5.7.

The ductility trough moved to lower temperatures by 30° to 40°C
in accord with the change in the Ar, temperature as measured by
the Theta dilatometer (Fig. 5.7). This contrasts with the
behaviour of the coarse grained material where ductility at the
high temperature end of the trough did not alter even though
marked changes in the Ar, were noted, Fig. 5.2.

The high carbon steel behaves in a fundamentally different manner
to the low carbon steel as described in chapter 4. In this
chapter, it was shown that raising the C content in a coarse
grained steel causes intergranular failure to occur by grain

boundary sliding in the austenite, and not, as with low C steels,

on phase transformation. Raising the C level was found to increase
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the activation energy for dynamic recrystallization and hence
encourage more grain boundary sliding and crack linkage. How-
ever, the results of Fig. 5.3 show that low ductility, inter-
granular failures only occur in the coarsest grained material,
and the finer grained materials fail with high ductilities.

As already mentioned refining the grain size would be expected

to make it more difficult for cracks to move through the triple
points as well as reducing the crack aspect ratio giving rise

to a lower stress concentration. Whether failure occurs at high
temperatures in the austenite or at lower temperatures on trans-
formation is very finely balanced and just as changes in C
content can have an influence on the fracture mode, so grain

Size can have a similar powerful effect.

In addition to extending the width of the ductility trough,

there is also evidence to suggest that increasing the g?ain size
increases the depth of the trough. For the low C steel increasing
grain size from 350 um reduced the minimum ductility value from
57 to 35% reduction of area whilst for the higher C steel a
similar change in grain size produced a change in the reduction
of area from 95 to 37%. Similar behaviour has been noted by
Carlsson et al (1980) for intergranular failure in the austenite
of 17Cr-17Ni-4.5Mo stainless steel tested in the temperature
range 950° to 1050°cC.

The reduction of area values obtained at a particular temperature
are dependent on strain rate, carbon content and grain size and
all of these variables alter the position and extent of the hot
ductility trough.

It should be noted however, that whereas C content influences the
extent and position of the ductility trough, but not minimum

reduction of area values, (see Fig. 4.2 from chapter 4), grain
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Size also influences the minimum value of reduction of area
associated with intergranular failures. The minimum reduction
of area values for the temperature range 700° to 1000°C are
plotted against grain size in Fig. 5.8. Included in this curve
are results from previous examinations on plain C-Mn and C-Mn-Ti
Steels. (Mintz et al, 1980) The latter steels have been
included because although precipitates are present in these
steels, they have been shown to be randomly distributed and are
not situated at the austenite grain boundaries. In addition,
the 0.19%C steel after normalising was heated directly to
temperatures in the range 700° to 950°C, held for 15 minutes at
temperature and then tested to failure at the same strain rate
of 3 x 103 s"1 using the Inston equipment. It can be seen from
Fig. 5.9 that there is little evidence of a ductility trough
and although grain size increased with temperature in the range
normally associated with low ductility (700 to 900°C),'the
austenite grain size was fine, being approximately 30 um.

These results suggest that ductility for the strain rate
eXamined will always be very high for plain C-Mn steels in the
temperature range 700° to 1000°C if grain s;ze can be kept below
50 um. Steels with grain sizes which are typical of continuously
cast steel ( -700 um) would, when tensile tested in this
temperature range, always have low minimum ductility values (<30%

reduction of area) with associated intergranular failures.
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5.5 CONCLUSIONS

1.

Refining the grain size is beneficial to hot ductility

as it reduces the width of the ductility trough and
increases the minimum reduction of area values.

The temperature for the start of the ductility trough in

a fine grained 0.19%C plain C-Mn steel corresponds approxi-

mately to the Ar_ temperature. Recovery in ductility

3
quickly occurs on lowering. the test temperature due to
the introduction of a greater volume fraction of ferrite
at the p grain boundaries and by reducing the relative
strength difference between the y and a . Coarsening
the grain size causes the temperature for the start of
the ductility trough to increase up to the Ae; temperature
due to the production of long thin films of deformation
induced ferrite round the y grain boundaries. Because
of this a much extended trough is produced.
Refining the grain size in the higher C-Mn steels (0.65%)
has even more marked effect in improving hot ductility.
Low ductility intergranular failure occurs in coarse
grained high C-Mn steels by grain boundary sliding in the
Y. Refining the grain size prevents this taking place and
ductility can be kept high to temperatures as low as 700°C,

the lowest testing temperature examined.
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-19 0.20 1.50 .002| .013 | .004 .04 .03 .02

.65 | 0.28 1.40 .002| .003 | .005 NV NV NV

Table 5.1 Compositions of the steels examined, (wt.%)

NV = no value

Reheati

cating Temperature | 955 | g9s0 | 1070 | 1220 | 1250 | 1330
Grain size, um,; 0.19%C 70 - 180 290 - 350
Grain size, um, 0.65%C - 50 - - 180 300

TAable 5.2 Variation of austenite grain size with reheating
temperature for both steels.
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CHAPTER 6

The Influence of Grain Size on the Hot Ductility
of the Micro-Alloyed steels
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®-1 INTRODUCTION

In section é.6, the influence of grain size on creep ductility,

and on hot tensile test ductility, was described, and it was

also noted that grain size could influence the transverse

Cracking of continuously cast slab, coarse austenite grains
Promoting cracking. (Schmidt and Josefsson, 1974). In chapter

5, the influence of austenite grain size on the hot ductility
behaviour of two C-Mn steels of differing C contents was
lovestigated, and it was shown that increasing grain size generally
has 3 detrimental effect on hot tensile ductility, and can produce
increases in both the width and the depth of the ductility trough.
However, sych plain carbon steels are not usually susceptible to
transverse cracking, and it is micro-alloyed steels which are most
Prone to this type of defect. Few reports have been made of the
influence of grain size on the hot ductility of micro-al%oyed
Steels, (Carllsson,1964; Ouchi and Matsumoto, 1982), and these have
concluded that grain size has little influence on hot ductility.

The major problem in such studies has been in distinguishing

between the effects of grain size and precipitation on hot ductility,
3S Precipitation and grain size are often closely related.

In this chapter the influence of grain size on the hot ductility of
C-Mn-Al, C-Mn-V-Al and C-Mn-Nb-Al will be investigated, and compared
MIth the behaviour of one of the C-Mn steels investigated in chapter
5. Hot tenmsile tests will be performed only in the single phase

Austenitijc state.
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®+2  EXPERIMENTAL

The Compositions of the steels examined are given in Table 6.1.
The steels were cast as 50 kg vacuum melts, and hot rolled to
37 mm plate, finish rolling 1050°C. Tensile samples, shown in
Fig. 3.6 were machined from the plate with their tensile axes
Parallel to the plate rolling direction, having gauge length 80
mm and diameter 7.9 mm. These samples were then tested using
the induction heating equipment described in section 3.2.2 To
Produce a wide range of austenite grain sizes prior to testing,
€ach sample was reheated to temperatures in the range 850 - 1360°C,
and held for 5 minutes. The samples were then cooled to a test
temperature of 850°C at a rate of 60°C/min., and held for 5

3 5-1

Minutes prior to straining to failure at a rate of 3 x 10~
Fractured samples were then prepared for metallographic and SEM
€Xamination. Carbon extraction replicas were taken from -1 mm
behind the fracture surface, and in some cases, carbon extraction
Feplicas were taken directly from the fracture surfaces. To
determine austenite grain sizes prior to deformation, small

S3mples were heat treated in a muffle furnace to simulate the
therma) Cycle of the tensile samples. After solution treatment,
these samples were cooled at a rate sufficient to produce ferrite
Cutlinement of austenite grain boundaries. Grain sizes were
Measured from these samples using the linear intercept method,
counting approximately 100 grains.

In the Present study, it was very important to distinguish between
the effects on hot ductility of grain size, and of precipitation,
and therefore, it was important to determine the solution
temperature for the appropriate precipitate in each steel. Equili-

brium Solubility calculations are not entirely reliable for the . -

. . "
Present study, due to the short reheating times used. Solubility
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temoeratyres were therefore determined using the method of loss
of Secondary hardening potential. Small samples were heated
using a muffle furnace to reheating temperatures in the range

850 - 1360¢c, quenched in iced brine, and then tempered for one
hour at 600°C. The hardness of the samples was taken as the

M€an of 10 readings from a Vickers Dp machine using a 20 kg load.
This methog proved successful in determining the solution
temperature of the C-Mn-Nb-Al and C-Mn-V-Al steels, and the
Feésults are described in the subsequent section. However, for
the C-Mn-a1 steel, no changes in hardness were observed on
tempering, and so an alternative method was used to determine

the Solubility of AIN. Small samples of the C-Mn-Al steel were
heated in a murrie furnace to various reheating temperatures, and
then Quenched into iced brine. Carbon extraction replicas were
then taken from the small samples, and then solubility temperatures

determineq from the presence or absence of ALN.
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6.3 RESULTS

6.3.1 Hot Tensile Tests and Metallography

Fig. 6.1 shows the influence of reheating temperature on the
austenite grain size for all 4 steels. The C-Mn steel shows a
continual increase in austenite grain size with temperature, from
& grain size of 70 pm at 925°C to 300 um at 1330°C. The C-Mn-Al,
C-Mn-V-A1 ang C-Mn-Nb-Al steels all show a temperature range over
which grain size is approximately constant at 30 um for each steel.
Above a temperature of 1050°C, grain coarsening commences for
these three steels, until at a reheating temperature of 1360°C,
8rain sizes were in the range 250 - 350 um.

Fig. 6.2 shows the influence of reheating temperature on the hot
Wetility of all 4 steels ak & best temperature of 850°C. The C-Mn
Steel shows excellent hot ductility for all the reheating
temperatures investigated. For the C-Mn-Al steels, reduction in

area values rose from 65% at 850°C to 96% at 1100°C, and remained

at The reduction

~ 96% for reheating temperatures up to 1360°C.
in area valyes for the C-Mn-V-Al steel increased from 66% for the
Sample heated to 850°C, to 75% for the sample reheated to 950°C.

As the reheating temperature was raised above 950°C, reduction in
area values fell continuously, reaching 50% at a reheating
temperature of 1360°C. For the C-Mn-Nb-Al steel, reduction in area
Values increased from 52% at 850°C to 80% at 1100°C. As the re-
heating temperature was increased further, reduction in area values
fell continuously reaching 26% at 1360°C.

The hot ductility results of Fig. 6.2 are replotted in Fig. 6.3 to
Show the variation of reduction in area with austenite grain size,
the grain size for a particular reheating temperature being obtained
from Fig. 6.1,

-Mn-Nb-Al
Load elongation curves for the C-Mn-Al, C-Mn-V-Al and C-Mn-Nb
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Steels are shown in Figs. 6.4 - 6.6. Some of these curves show

an abrupt drop in load as deformation proceeds, distinct from

that normally associated with the onset of sample necking. Similar
load-elongation curves have been observed during hot tensile tests
by Wray and Holmes (1975) and by Wilcox (1982), and are attributed
to the onset of dynamic recrystallization. Thus it is sometimes
Possible by €xamination of the load elongation curves, to determine
whether dynamic recrystallization has occurred before fracture.

In some cases, however, the form of the load-elongation curve

Makes it difficult to state unambiguously whether recrystallization
has occurred or not. The temperature range over which dynamic
recrystallization occurs before fracture for each steel is shown

in Fig. 6.3. For the C-Mn steel, dynamic recrystallization occurred
Prior to fracture in all tests. Similarly for the C-Mn-Al steel,
dynamic recrystallization occurred prior to fracture in gll tests,
With the exception of the sample heated directly to 850°C. For

the C-Mn-v-p) steel, recrystallization did not occur in samples
reheated to 130q0c or above prior to testing at 850°C. At re-
heating temperatures below 1300°C, it was not possible to determine
unambiguously whether dynamic recrystallization had occurred for
this steel. For the C-Mn-Nb-Al steel, only the sample reheated to

1100°C prior to testing showed evidence of recrystallization

(Fig. 6.6),

e fractography revealed three distinct fracture modes, high
temperature ductile rupture (HTDR), intergranular decohesion (ID),
and intergranular microvoid coalescence (IMC). These three fracture
modes were also observed in the plain carbon steels examined in
Chapter 4, However, it should be noted that whilst in C-Mn steels,
the IMC fracture mode seems to be associated with pro-eutectoid

: . 1s
ferrite films at austenite grain boundaries, in micro-alloyed steels,

108



this fracture mode can occur in single phase austenitic structures.
Fig. 6.7 shows the temperature range over which each fracture

mode occurs for all four steels. The C-Mn steel shows HTDR for

all reheating temperatures. The C-Mn-Al steel shows HTDR for all
tests, except the sample heated directly to 850°C and tested. This
fracture has also been classed as ID, but appears radically
different to other ID failures, because of the very fine grain

Size of this steel. The C-Mn-V-Al shows predominantly ID for re-
heating temperatures greater than 1250°C. For reheating temperatures
below 1250°C, the fracture mode is mixed HTDR and ID. The C-Mn-
Nb-Al steel shows the ID failure mode for all the samples tested,
€Xxcept that reheated to 1100°C prior to fracture, which showed HTDR.
For reheating temperatures greater than 1250°C, regions of the IMC
fracture mode were present, but ID was the predominant fracture
mode. Figs. 6.8 - 6.9 shows examples of each fracture mode.

For the C-Mn-Nb-Al steel, carbon extraction replicas weée taken
directly from the fracture surfaces of samples which had failed in
an intergranular manner after reheating to 1330 and 1360°C. Those
replicas showed a random precipitation of NbCN on the grain facets,
Fig. 6.10.

Examination of carbon extraction replicas taken from transverse
Sections of the fractured samples revealed no precipitation 'in any
of the fractured C-Mn samples, or in samples of the C-Mn-Al steel
reheated above 1000°C. However, the C-Mn-Al samples reheated to
850 and to 1000°C showed extensive ALN precipitation at the auste-
nite grain boundaries, and also some intragranular precipitation.
(Figs. 6.11 - 6.12).

For the C-Mn-V-Al steel heated directly to 850°C, grain boundary
and matrix precipitation of V(CN) was observed, and also present

were large angular platelets of ALN, which were randomly distributed.
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(Fig. 6.13). Samples of this steel heated to 1050°C and above
prior to testing at 850°C showed only V(CN) precipitates, and

no AIN. (Fig. 6.14) These VCN precipitates were generally
randomly distributed, although occasionally these precipitates
outlined grain boundaries.

In the C-Mn-Nb-Al steel heated directly to 850°C and tested,
replica examination revealed extensive precipitation of NbCN

and AIN at austenite grain boundaries, and within the grains
(Fig. 6.15). The sample reheated to 1100°C .prior to testing at
850°C showed no grain boundary precipitation, but a coarse
random distribution of NbCN (Fig. 6.16), and no ALN precpitation.
The samples reheated to temperatures in the range 1200 to 1360°C
all displayed similar precipitation patterns after fracture at
850°C. Extensive fine precipitation of NbCN was observed at
austenite grain boundaries and within the grains themselves.

(Fig. 6.17)

6.3.2. Determination of Solution Temperatures

Fig. 6.18 shows the influence of reheating temperature on the
hardness of the C-Mn-Nb-Al1 steels after quenching from the re-
heating temperature and tempering at 600°C for one hour. Hard-
Ness remains constant at VH.230 for reheating temperatures of
1050°C and less, and gradually increases to VH.295 as the re-
heating temperature is increased to 1150°C. Hardness remains
constant at VH.295 as the reheating temperature increases from
1150 to 1360°C. The interpretation of these results relies on
the assumption that only Nb(CN) formed during tempering at
600°C makes a significant contribution to the secondary hardening
of the steel, and thus the greatest secandary hardening occurs
When all the Nb is in solution at the reheating temperature.

Using this assumption, the hardness values in Fig. 6.18 can L
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interpreted as follows: up to reheating temperatures of 1050°C,
littie Nb is in solution, and hence not available to cause
Secondary hardening during tempering; between reheating tem-
Peratures of 1050 and 1150°C, the.amount of Nb in solution rises
rapidly and leads to an increase in hardness on tempering; at
reheating temperatures of 1150°C and above, all the available Nb
is in solution, and produces the maximum secondary hardening.
Therefore, the results of Fig. 6.18 indicate that 5 minutes at
reheating temperatures greater than 1150°C is sufficient to
dissolve all the Nb in the C-Mn-Nb-Al steel.

To confirm this result, carbon extraction replicas were taken
from a sample of the steel which had been reheated to 1150°C and
Quenched, and examination of the replicas revealed no precipitation
of either NbCN or AlN.

In a similar fashion, the solution temperature of V(CN) in the
C-Mn-V-a1 steel was determined by examination of Fig. 6.18 which
Shows the hardness of samples quenched from various reheating
temperatures, and then tempered forr 1 hour at 600°C. These
Fesults indicated a solution temperature of 1110°C, and this was
again confirmed by the examination of extraction replicas.

For the C-Mn-a1 steel, examination of extraction replicas taken
from samples quenched from various reheating temperatures indicated

@ solution temperature of approximately 1100°C.
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6.4 DLiscussion

The C-Mn steel shows excellent hot ductility over a wide range

Of austenite grain sizes when tested at 850°C, and it is only

in the two phase region that this steel shows a ductility trough,
as detailed in chapters 4 and 5. When tested at 850°C, dynamic
"e-crystallization occurs before failure, leading to the isolation
of developing grain boundary cracks, and hence producing high
ductility failures. As described in chapter 4, the large voids
apparent on the HTDR type fracture surfaces are grain boundary
cracks, which developed prior to dynamic recrystallization, and
Were Subsequently isolated from the grain boundaries, and dis-
torted as deformation proceeded.‘ The high ductility values
obtained for the C-Mn steel irrespective of prior austenite

grain size indicate that when the fracture mode is HTDR, grain

Size has no effect on ductility, as opposed to the quite marked
effects on ductility which grain size has when the fracture mode
is intergranular, as described in chapter 5. For reheating
temperatures of 1100°C and above, the C-Mn and C-Mn-Al steels

have similar not ductility, and this is due to the complete
dissolution of AIN at 1100°C, and the suppression of A1N precipi-
tation on cooling to 850°C, owing to the fairly rapid cooling rate
©f 60°C/min. As mentioned in section 2.9.2 it is thought that for
the Precipitation of AIN to occur after solution treatment, cooling
Fates of less than 1°C/min. are required. Reheating temperatures
©f 1000 and 850°C are insufficient to dissolve all the AIN present,
and so on cooling to 850°C, AIN is present prior to-deformation

in these samples. For the sample reheated to 1000°C, the
relatively coarse distribution of AlN is not effective in retarding

the onset of dynamic recrystallization, and high ductility failure

"esults. For the sample heated directly to 850°C, the AN
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distribution produced is much finer, and delays the onset of
dynamic recrystallization, allowing low ductility, intergranular
failure to occur.

The C-Mn-v-Al steel heated to 850°C and tested directly has
similar hot ductility to the C-Mn-Al steél tested after the same
tpeatment’ and again this is due to the delay of the onset of
dynamic recrystallization due to the precipitation of V(CN) and
AIN. The results of section 6.3 indicate that reheating at

1100°C for 5 minutes is sufficient to dissolve all the ALN and VCN.
Replica examination also reveals that reheating above 1100°C pro-
duces a Precipitate distribution which is independent on reheating
temperature, consisting of a random distribution of V(CN), with
occasional grain boundary precipitation AlN is not present due to
the relatively fast cooling rates used after reheating. Therefore,
for the C-Mn-V-Al steel, the gradual decrease in hot ductility
with increasing reheating temperature is not due to a change in
Precipitate distribution, but is more likely to be caused by the
increase in grain size.

For the ST steel, reheating to 1000°C prior to testing at
850°C, ang testing directly on heating to 850, a precipitate dis-
tribution of NbCN and AIN is produced, which is sufficient to
delay the onset of dynamic recrystallization until fracture has
occurreq. Reheating to 1100°C produces a coarse random distri-
bution of NbCN, which is ineffective in retarding dynamic
PeCPystallization, and hence high ductility failure occurs. Re-
heating to temperatures of 1200°C and above leads to complete
dissolution of all the NbCN, and subsequent precipitation occurs
Prior to testing during cooling from the reheating temperature,

or during the test. The fine distribution of NbCN formed at grain

b0undaries and within the grains themselves after reheating to
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1200°C and above, retards dynamic recrystallization and allows
low ductility, intergranular failures to occur. Precpitate
distributions formed by reheating above 1200°C are independent

of the reheating temperature, samples reheating to 1200 and to
1360°C both having similar precipitate distributions after
testing at 850°C, (Fig. 6.17). Therefore, it appears likely

that the small decrease in reduction of area values from 36%

to 28% as the reheating temperature increases from 1200 to 1360°C
is due to the change in austenite grain sizes as was the case for
the C-Mn-v-Al steel. The foregoing results indicate that the
hot ductility behaviour of this C-Mn-Nb-Al steel is dominated by
the Precipitation of NbCN-and AlIN, and that austenite grain size
has a Secondary influence on hot ductility, if intergranular
failure occurs. Both the C-Mn-V-Al and the C-Mn-Nb-Al shows
Similar trends of decreasing hot ductility with increasing grain
Size, when the precipitate distribution remains constané. How-
ever, the reduction in area values of the C-Mn-Nb-Al are con-
Siderably lower than those of the C-Mn-V-Al steel, at any given
reheating temperature. This is probably due to the grain
boundary precipitation of NbCN, which restricts grain boundary
migration, and hence allows grain boundary cracks to develop and
8row; also the fine matrix precipitation of NbCn will concentrate
Strain at the grain boundaries more effectively than the coarser
distribution of V(CN).

The foregoing results indicate that at least in C-Mn-V-Al and
C-Mn-Nb-a1 steels, increasing grain size has a slight, detrimental
effect on hot ductility, although precipitation is the major
factor, Creep studies have produced a number of suggestions as
to the mechanism by which grain size influences ductility, as

described in section 2. These include the retardation of grain
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boundary crack propogation by triple points, possible increases
in grain boundary sliding rates with increasing grain size, and
the increase in stress concentration at the grain boundary crack
tip with increasing grain size. However, the present study does
not indicate which, if any, of the above mechanisms are respon-

sible for the effect of grain size on hot ductility.
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6.5 CONCLUSIONS

T

For a test temperature of 850°C and strain rate of 3 x 10'3

s, grain size has no influence on the hot ductility of an
0.19%C plain C-Mn steel. This is because dynamic recrystalli-
zation easily occurs at this temperature giving high reduction
of areas and ductile fractures.

In the case of C-Mn-Al steel grain boundary precipitation of
AIN is effective in reducing hot ductility provided it is in
a fine form. Reheating temperatures of 1000°C coarsened the
brecipitates sufficiently to allow dynamic recrystallization
to occur when tested at 850°C. Higher reheating temperatures
Cause dissolution of the A1N and because of its sluggishness
in reprecipitating at the boundaries did not influence hot
ductility, giving rise to high reduction in area values.

Hot ductility in micro-alloyed Nb and V steels is dominated
mainly by the precipitation processes. Ductility is worse
when Precipitation takes place both at the p grain boundaries
and in fine form in the matrix as with Nb containing steels

in which the NbCN is first taken into solution and then
Precipitates out dynamically during test. Ductility is best
in those steels when the precipitates are presented in a
coarse form randomly precipitated in the structure. This
occurred in the Nb containing steel when reheated to 1100°C
which coarsened the precipitates without taking much back
into solution and more generally in the V containing steel
throughout the whole temperature range, precipitation being
in general coarse and randomly distributed.

When low ductility intergranular failures occur in micro-

alloyed steels grain refinement is likely to give some benefit.

Refining the grain size from 300 to 150 um might be expected to
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raise the R of A values at 850°C by 15 to 20%. Such an
improvement may be useful in reducing transverse cracking

in Nb grades of steel.



Steel c Si Mn P S Al Nb v N
1. C-Mn .19 .20 1,40 .002 .013 - - = .004
2. C-Mn-Al .15 .29 1.45 .003 .008 .017 - - .006
3. C-Mn-V-Al .13 .30 1.44 .003 .003 .017 - .066 | .009
4, C-Mn-Nb-Al J12 .29 1.44 .003 .009 .015 .034 - .010

Table 6.1

Compositions of the steels examined (wt.%)
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Fig. 6.1 Influence of reheating temperature on the austenite
grain size of the C-Mn, C-Mn-Al, C-Mn-V-Al, and C-Mn-
Nb-Al steels.
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Fig.6.10 NbCN precipitates extracted from fracture surface of
C-Mn-Nb-Al steel after reheating to 1330°C
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Hg. 6.1 C-Mn-Al1 steel heated directly to 850°C, showing grain
boundary precipitation of AIN.



13Em

85-AUG-84 11:38:29 EDAX READY

RATE: 324886CFPS TIHE: JILSEC
BA-26KEY: 10EY/CH PRST: 200LSEC
A: B:

F5S= 1233 MEHM: A FS= 290

60 02 [34 |a6 |38 |10 12 |14 16 |18

LI

A F C
s E U
CURSOR (KEY)=19. 080 ECAX

£12.6.12  C-Mn-pl steel reheated to 1000°C, tested at 850°C with
associated X-ray spectrum.



1-3pum

18~-SEP-84 49:45:32 PERK IDENT

RATE: 1§20CFS TINE: 8SLSEC

@o-26KEY: 1DEY/CH FRET:  200LSEC

A B

FS= 2331  MEW: A F5= 208
|22 o4 joe Bk 1o

51549412 Precipitation in Cc-Mn-V-Al steel heated to ?5°°g ;nd test
showing VCN and A1N precipitation and associated X-ray

spectra.

Ed’



Fig.6.14 Precipitation in C-Mn-V-Al steel after reheating to 1050° ¢
and testing at 850°C.
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and tested, showing ALN and NbCN precipitation.



Fig. 6.16  Precipitation in C-Mn-Nb-Al steel heated to 1100°C
prior to testing at 850°C

Fig.6.17 Precipitation in C-Mn-Nb-Al steel heated to 1330°C priop
to testing at 850°C.
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CHAPTER 7

The Influence of static and Dynamic Precipitates
on Hot Ductility
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7.1 INTRODUCTION

Numerous investigations into the hot ductility of micro-alloyed
Steels have confirmed that the precipitation of carbides and/or
Nitrides play an important role in the fracture behaviour of

Such steels after certain thermal cycles, and at intermediate
Strain rates. The precipitate size and volume fraction are
recognised as being particularly important parameters. (Bernard

et al, 1978; Mintz and Arrowsmith, 1979; Ouchi and Matsumotoj.
1982)  During hot working, these precipitates may be present

Prior to deformation, or alternatively, they may be formed during
deformation, It is well known that the precipitation of AlN,

NDCN and VCN is accelerated by deformation, compared to precipi-
tation rates measured during isothermal transformations in
undeformed structures at the same temperature. (Vodopivec, 1973;
Le Bon et al, 1975; Weiss and Jonas, 1979; Akben et al, 1981).

It is believed that this acceleration of precipitation is due to
the introduction of favourable nucleation sites by the deformation
Process. The exact nature of these nucleation sites cannot be
determineq directly for transformable steels, but it seems likely
that these sites are dislocation networks and vacancy clusters.
This is supporteq by the observation of NbC precipitated on dis-
locations in austenitic stainless steels following high temperature
testing. (Ohmori and Maehara, 1984). The proportion of static and
dynamic Precipitates present at a particular temperature after
deformation is dependent on the cooling rate from the solution
temperature, ang also on the deformation rate. Slow cooling rates
are likely to favour static precipitation. For the particular

case of alN, cooling rates of approximately 1°C/min. are believed
to be required for the precipitation of AIN during continuous

Cooling, 4 Particularly sluggish reaction. (Gladman and Pickering,
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1967) Dynamic precipitation may not occur at very high strain
rates, since deformation usually ceases before the incubation

time for dynamic precipitation has been reached. However, static
Precipitation may subsequently occur in the deformed structure.
This static precipitation in a deformed structure occurs at

rates intermediate between that of dynamic precipitation, and
static Precipitation in undeformed metal. (Weiss and Jonas, 1979)
The investigation of Weiss and Jonas (1979) showed that for the
dynamic Precipitation of NbC, strain rates of less than 10! s~
were required, the exact values being temperature dependent. A
1ater study by Akben et al (1981) showed that a similar strain
rate was required for the dynamic precipitation of VN. Another
important resylt from a study by Weiss and Jonas (1980) was that
d¥namically precipitated NbCN was finer than the equivalent static
Precipitates formed at the same temperature.

It can be seen from the foregoing that precipitate volume fraction
%74 size are dependent on whether the precipitate is formed in a
dynamic op ip a static situation. Therefore, since both
Precipitate volume fraction and size play an important role in
deternining the hot ductility of micro-alloyed steels, it would be
€Xpected thét dynamic and static previpitates would each have a
distinet influence on hot ductility.

I“VeStigations into the influence of the static and dynamic
Precipitation of AiIN have concluded that precipitates present
before deformation are more detrimental to hot ductility than
those formegq during the test. (Vodopivec, 1978; Wilcox, 1982)
el T T p——— during deformation is
HoPy detrimental to hot ductility than that existing prior to
deformatj o,

It was therefore, decided in this chapter to investigate the

Felative Influences of the static and dynamic precipitation of
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ili y r i O-alloyed
t CN on the hot dUCtlllt of three mic

Steels.
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7.2 EXPERIMENTAL

The C-Mn-Al, C-Mn-V-Al and C-Mn-Nb-Al steels examined in chapter
6 were chosen for the present investigation. The compositions
Of these steels are given in Table 6.1 (code numbers 2, 3 and 4),
and processing details are given in section 6.2. Tensile samples
having a gauge length of 80 m.m. and a diameter of 7.9 m.m. (Fig.
3.6) were machined from the plates with their axes parallel to
the rolling direction, for testing using the induction heating
apparatus described in section 3.2.3. All three steels were
solution treated for 10 minutes at 1330°C, prior to cooling to
test temperature at an average rate of 100°C/min. to suppress
Pre-test precipitation. For the C-Mn-Nb-A1 steel, tests were
performed at 950°C, since it is close to this temperature that
NbCN precipitation is most rapid. (Weiss and Jonas, 1979)
Samples were either tested immediately on reaching this Fempera-
ture, or held for up to 21,000 s before testing. This enabled
the proportion of static precipitates to be varied from 0 for
the samples tested immediately, to approximately 100% for the
longest holding times prior to testing. For the C-Mn-Al and
C-Mn-v-a1 Steels, the test temperature was reduced to 850°C since
AIN and VCN precipitate most rapidly at lower temperatures than

NbeN., (Leslie et al, 1954; Akben et al, 1981)

It shoulq be noted that 850°C is above the Ae, temperature calcu-
lated using Andrews' formula (1965) for both the C-Mn-Al steel
and the C-Mn-V-Al steel.

Longitudinal sections including the point of fracture were taken

from broken tensiles and prepared for metallographic examination.

Fracture surfaces were examined using a JEOL T100 SEM operating at

25 KV. Carbon extraction replicas were prepared from sections

aPProximately 1m.m. behind the fracture surface, as described 1in

Section 3.3
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To investigate the static precipitation of NbCN at 950°C, the
method of loss of secondary hardening potential was used, as
described in chapter 6.

Small Samples of the C-Mn-Nb-Al steel were solution treated at
1330°C for 10 minutes, rapidly cooled to 950°C, and maintained
3t this temperature in a muffle furnace for varying periods of
time. After the appropriate length of time, the samples were
Quenched into iced brine, and then tempered at 600°C for 1 hour.
Hardness measurements were then taken from sectioned and
Polished samples using a Vickers DP machine. An attempt was
made to follow the static precipitation of VCN in the C-Mn-V-Al
steel using this same method, but unfortunately, only very small
hardness changes were obtained, which could not be confidently

interpreteq.
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7.3 RESULTS

7.3.1 Hot Tensile Tests

Figs. 7.1 - 7.3 Show the variation of reduction in area and peak
Stress, Op, with holding time prior to testing at 950°C for the
C-Mn-Nb-A1 steel, and at 850°C for the C-Mn-Al and C-Mn-V-Al
Steels. The not ductility of the C-Mn-Nb-Al steel increases
Slightly as the holding time increases, rising from 30% reduction
in area for 1 g holding time, to 45% for 21,000 s holding time.
Peak stress ralls from 57 MPa to 52 MPa as the holding time in-
Creases to 21,000 S. For the C-Mn-V-Al steel tested at 850°c¢C,
reduction in apea values fall from 52% to 40%, as the holding
time prior to testing increases to 21,000 s, whilst peak stress
remains approximately constant at 69 MPa. The C-Mn-Al steel has
reduction in area values of over 95% for all holding times, and

& constant peak stress of 69 MPa. Figs. 7.4 - 7.6 illustrate

kg lOad‘elongation curves for all three steels, for various
holding times prior to testing. For all holding times, the load-
elongation cupyes of the C-Mn-Al steel show a sudden fall, which
is characeristic of the onset of dynamic recrystallisation, (Wray,
1975) Hllustrating that dynamic recrystallization occurred during
all testsg involving this steel. Conversely, the load elongation
Curves fop the C-Mn-Nb-A1 steel indicated that in all cases,
fracture Occurred before the onset of recrystallization. For the
C-Mn-v_p) Steel, the load elongation curves showed that the steel
held for 4 S prior to testing had undergone recrystallization,
whilst for holding time greater than 1 s, fracture had occurred
Before PeCrystallization.

7432 Metallography

Optical ang gy fractography revealed that the C-Mn-V-Al and
C-Mn-Nb-4) Steel fractured at the austenite grain boundaries for

all holding times. Two intergranular failure modes were observed
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in these tyo Steels, i.e. intergranular decohesion (ID) and
intergranular microvoid coalescence (IMC), the former mode
DPedominating. These fracture surfaces were essentially similar
to the intergranular failures desgribed in chapter 6. Exami=-
nation or the austenite grain structure after fracture revealed
a coarse, unrecrystallized structure for both the C-Mn-V-Al and
C-Mn-Nb-a) Steels, the former having a grain size of 300 um,

the lattep having a grain size of 360 um. Holding time prior

to testing had no influence on grain size in either steel. The
C-Mn-Al steel Showed the high temperature ductile rupture mode
of failure describeg in previous chapters for all holding times.
Examination of carbon extraction replicas taken from the C-Mn-
Al stee] Showed no precipitation in any of the fractured samples.
The C-Mn-Nb-A1 steel showed extensive precipitation of NbCN for
311 holding times Prior to testing. No AIN precipitation was
€Vident. For the sample tested after 1 s holding time, exten-
Sive matrix and grain boundary precipitation of NbCN was observed,
(Fig. 7.7) and in some cases, precipitate free zones adjacent to
the grain boundaries. After 7200 s holding time, in addition to
the fine NbCN Precipitates, a coarser form of NbCN precipitate
was Present, and arter 21,000 s holding time, only the coarse

NbeN Precipitate was observed. (Fig. 7.7). Fig. 7.8 shows the
€Volution of Precipitate size distribution with holding time prior
be testing. Fop holding times of 1 s, the precipitate frequency
distribution js uni-modal, with a mean diameter of 15 nm. After
7200 s holding time, the frequency distribution is bi-modal, and
"SMains bi-modal arter 21,000 s holding time, although the peak

at the Smaller precipitate size was much reduced. These results
compare we1) Wwith the NbCN size measurements of Weiss and Jonas
(1980)

The C-Mn-y_p) Steel showed precipitation of VCN in all the fractured
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samples (Fig. 7.9). In the sample held for 1 s prior to fracture,
VCN precipitates are randomly precipitated. However, for the
Samples held for 21,000 s prior to testing, precipitation occurs
Predominantly at the austenite grain boundaries (Fig. 7.9). No
AIN precipitation was observed in the C-Mn-V-Al steel. Fig.

7.10 shows the evolution of precipitate size with holding time
Prior to testing. For all holding times, the size distribution
is Unimodal, and mean precipitate diameter increases from 12 nm
for 1 s holding time to 50 nm for 21,000 s holding time.

7.3.3 Static Precipitation of NbCN

The hardness results used to follow the static precipitation
kinetics of NbCN at 950°C in the C-Mn-Nb-Al steel are shown in
Fig. 7,11, Quenching directly from 1330°C followed by

tempering at 00°c for one hour resulted in a hardness value of
304 Vickers. This hardness value corresponds to zero NbCN pre-
¢ipitation at 950ec, When samples are held at 950°C for more
than 300 s Prior to quenching and tempering, hardness values
®¢8in to fall, ang after holding for 21,000 s at 950°C the hard-
NeSs values reach 255 Vickers. Assuming that NbCN precipitated
at 950°C makes no contribution to hardness after quenching and
tempering, these results can be interpreted as showing that NbCN
Precipitation at 9500c begins after approximately 300 s, which
agrees approximately with the results of other workers.
(Watanape et al, 1977; Weiss and Jonas, 1979) The hardness values
Show no sign of attaining a constant value after 21,000 S, which
Indicates that mpen precipitation at 950°C is still not complete

after this time.
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7.4  DISCUSSION

The absence of precipitation in the C-Mn-Al steel tested after
s holding time indicates that fracture occurs before the
incubation period necessary for dynamic precipitation of AIN has
been reached. The time to failure for this test was =~ 300s,

and so the incubation time for the dynamic precipitation of AIN -
Must exceed this period. No precipitation of AIN was observed
in the sample held for 21,000 s prior to testing, and this
indicates that the incubation time for the static precipitation
F AIN is greater than 21,000 s. Unfortunately, the very slow
Precipitation rates of AIN (both dynamic and static) mean that
NO conclusions can be drawn on the relative influences of
dvnamically and statically precipitated AIN. The absence of
&rain boundary pinning precipitates in the C-Mn-Al steel means
that dynamic recrystallization could occur rapidly, isolating
8raln boundaries from the developing cracks, and producing high
ductility failures.

For the C-Mn-Nb-41 steel, the rapid static precipitation rate of
NbCN, ag indicated by the hardness results shown in Fig. 7.11
Uean that only the sample tested with holding time of - 1s

Prior to deformation, will show a precipitation pattern formed
Solely during deformation. The remaining samples all contain

@ Proportion of NbCN formed prior to testing. The particle size
distributions shown in Fig. 7.8, which are similar-to those
determineq by Weissand Jones (1980), indicate that the dynamic
Precipitates have.a mean diameter of 15 n.m., whilst the static
Precipitates are larger, having a diameter of 60 nm. Examination
°f Fig. 7.7 shows that dynamic precipitates of NbCN form both at
8rain boundaries, and within the grains themselves. This matrix

Precipitation of NbCN is sufficient to produce a slight increase
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in peak stress. In contrast, static NbCN precipitates appear

to form mainly at austenite grain boundaries, with little

matrix precipitation.

The observation of coarse,un-recrystallized grain structures

in all the fractured samples indicates that both the dynamic

and static distributions of NbCN are effective in retarding

the onset of dynamic recrystallization. A possible explanation
for the inferior hot ductility of the samples containing a large
pProportion of dynamic precipitates is the extensive matrix
Precipitation of NbCN, and the tendency to form precipitate free
Zones in these samples, which lead to strain concentration at
the grain boundaries, and hence reduce hot ductility.

For the C-MN-V-Al steel tested after a holding time of 1s, the
random distribution of dynamically precipitated VCN is only
Partially effective in preventing dynamic recrystallizat?on.
Fig. 7.6 shows some evidence of dynamic recrystallization before
fracture, the load elongation curve for the 1s holding time test
Showing the characteristic drop in load associated with the onset

of dynamic re-crystallization. However, dynamic recrystallization

has occured at-a far later stage of deformation than for the C-Mn-

Al steel, ang this has led to the relatively low reduction in

area value of 52%. Thus it can be said that the randomly distri-
buted dynamic VCN retards dynamic recrystallization to some XNk,
but recrystallization does occur before final fracture is complete.

There seem to be few reports in the literature on VCN precipitation

kinetics, but for dynamic precipitation kinetics the PTT curve for

NOCN and VN are similar, with the nose of the latter curve occurring

3t lower temperatures than the NbCN curve. (Akben et al, 1981)

Also, there seems to be distinct differences in precipitation.
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Patterns for the steel tested after 1s, and after 6 hours, the
latter being larger and distributed at austenite grain boun-
daries, and this would seem to indicate that the static
Precipitation of VCN is well advanced after 6 hours. This array
of static vCN precipitates at austenite grain boundaries is
effective in preventing dynamic recrystallization before fracture,
leading to 1ow ductility intergranular failures. Thus it can be
concluded that for the C-Mn-V-Al steel, dynamically precipitated
VCN is less effective in retarding recrystallization than
Statically precipitated VCN, and this leads to static VCN having

the greater detrimental effect on hot ductility.
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7.5 CONCLUSIONS

1.

In a C-Mn-Nb-Al steel tested at 950°C, both dynamic
and static arrays of precipitates were effective in
delaying the onset of dynamic re-crystallization long
€nough for brittle, intergranular failure to occur.

The dynamic precipitates of NbCN were formed at grain
boundaries, and within the matrix, and were finer than

the equivalent static precipitates, which formed
Predominantly at the grain boundaries.

Samples of the C-Mn-Nb-A1 steel held for short times

Prior to testing, and hence having a greater proportion

Of dynamic precipitates, had inferior hot ductility to
those samples held for longer times. It is believed that
this is due to the extensive matrix precipitation, and the
eXistence of precipitate free zones in the samples held for
only short times prior to testing, leading to strain con-
Centration at the grain boundaries.

In a C-Mn-v-a1 steel tested at 850°C, the static precipitate
distribution formed after long holding times prior to
testing was more effective in retarding re-crystallization
than the dynamic precipitate distribution, leading to
Inferior hot ductility in the samples held for longer times

Prior to testing.
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CHAPTER 8

The_Inf‘luence of Temperature Oscillations During
Cooling on the Hot Ductility of a C-Mn-Nb-Al Steel
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8.1 INTRODUCTION

The problem of transverse cracking in continuously cast slabs
has received much attention in recent years and many workers
have performed hot tensile tests on the susceptible grades of
Steel in order to gain a better understanding of the phenomenon.
(Bernard et al, 1978; Mintz and Arrowsmith, 1979; Ouchi and
Matsumoto, 1982; Maehara and Ohmori, 1984). In'performing such
tests, it has been usual to use a thermal cycle which simulates
to some extent that experienced by the continuously cast slab.
Typical thermal cycles have involved an initial high temperature
solution treatment to dissolve any precipitates present and to
Produce a coarse grain size, followed by cooling to test
temperature at a rate similar to the surface cooling rate of the
continuously cast slab. However, the actual thermal cycle
€Xperienced at the continuously cast slab surface, where trans-
verse cracks form, is highly complex, and usually a temperature
°scillation is set up in the slab surface by the alternate
impingement of water sprays and rolls on the slab. Such a
temperature oscillation is shown in Fig. 2.5. This cooling
Pattern differs drastically from the constant cooling rate after
Solution treatment employed in the majority of previous hot
ductility stuaies.

As discusseqd in section 2.9, the precipitation of NbCN and AlN is

an important factor in determining the hot ductility of micro-

alloyed steels, and the rate of cooling after solution treatment

"ould be expected to have an important effect on precipitation, and

hence hot ductility. Indeed, Nozaki et al (1978) showed that this

Precipitation of AIN after solution treatments was accelerated when

% temperature oscillation was introduced into the cooling pattern.-

: the
AS Wwell as influencing precipitation, cooling patterns g iech
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therma) Stresses set up, and Tomono (1977) has shown that these
Stresses alone are sufficient to cause cracking in steel slabs,
when the slab temperature is oscillated rapidly by the impingement
of water sprays.

To date, it appears that only Offerman et al (1981) have investi-
gated the hot ductility of micro-alloyed steels using a cooling
Pattern which incorporated cyclic temperature oscillation, following
Solution treatment. They found that the ductility trough observed
in micro-alloyed steels following continuous cooling was broadened
by the introduction of temperature oscillations. The work of
Wilcox (1982) is also of some relevance, as he investigated the

hot ductility of micro-alloyed steels following solution treatment,
continuoys cooling to an intermediate temperature, followed by
teSting at a higher temperature. For such a thermal cycle, the
temperatyure range of the ductility trough was extended,'as com-
Pared ywith direct cooling to test temperature, due to the increased
Precipitation occuring at the intermediate temperature.

The foregoing results would indicate that the majority of previous
hot ductility Studies relating to the continuous casting process
“ould temd o over estimate hiot ductility, and therefore the aim of
this chapter is to investigate the influence of cooling patterns
InVolving temperature oscillations on the hot ductility of an Nb

micro-alloyed steel.
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8.2 EXPERIMENTAL

The steel chosen for this examination was the C-Mn-Nb-Al steel

Used in the previous two chapters. Composition is given in Table
8.1 and processing details are given in section 6.2. Tensile
Samples of gauge length 80 mm and.diameter 7.9 mm (Fig. 3.6) were
Machined from the plate with their axes parallel to the rolling
direction, for testing using the induction heating equipment
described in Section 3.2.3. This equipment is capable of producing
Very rapid cooling rates, suitable for the simulation of rapid
temperature oscillations in the tensile samples.

Ideally, cooling patterns which simulate exactly that of the con-
tinuous casting process would have been used, but, as the computer
Simulations of Nozaki et al (1978) shows, such a cooling pattern

is complex, involving variable cooling rates and temperature
Oscillations of varying amplitude, which would be difficult to
Feproduce consistently in a hot tensile test. For this investigation,
it was decideg to choose three realively simple cooling patterns,
inVOlVing constant cooling rates, and temperature oscillations of
Constant amplitude.

The three cooling patterns investigated are shown schematically in
Pigy Buls In emgh case, the tensile sample was heated to a solution
temperatype of 1330°C in approximately 10 minutes, and held at this
temperature for 5 minutes prior to cooling to test temperatures in
the range gsg _ 1100°C. Cooling pattern 1 (CP1) involved cooling
t a constant rate of 60°C/min. (approximately that of the
continuously cast siap surface) to test temperatures. Cooling
Pattern o (CP2) used an overall cooling rate of 60°C/min., but at
temperatures below 1100°C, a temperature oscillation was introduced,
having 5 minimum to maximum amplitude of 50°C, and period of 45s.

Cooling Pattern 3 (Cp3) was similar to CP2, but the amplitude of
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the temperature oscillation was 100°C, and the period 90s. All
three cooling patterns were produced by manual adjustment of the
induction heating unit. For all three cooling patterns, the
Sample temperature was stabilised at the test temperature for 5
minutes, and then the samples strained to failure using a strain
rate of 3 x 10™3 s_T. After fracture, the samples were cooled
aPidly to room temperature in approximately 2 minutes. Examples
of the actual cooling patterns for samples tested at 870°C and
1050°C are shown in Fig. 8.2.

Fractureq Surfaces were examined using a JEOL.T.100 SEM, and
carbon extraction replicas prepared and examined, as described in
Section 3.3. In order to see how closely the precipitation
Pattern ip fractured hot tensile samples resemble that formed in
continuously cast slab, carbon extraction replicas were alse
Prepared from g continuously cast slab of thickness 229 mm. The
Composition of the slab is similar to that of the steel used in
the hot ductility tests, and is given in Table 8.1. Carbon

€Xtraction replicas were taken from 2 mm below the slab surface,

and frop the slap centre.

135



8.3 RESULTS

8.3.1 Hot Ductility Tests

The variation of reduction in area with test temperature for
all three cooling patterns is showyn in Fig. 8.3, and in each
case, a severe ductility trough is apparent, the depth and
Width of which varies for each cooling pattern. For CP1,
reduction in area falls from 90% to 24% as the test temperature
is reduceq from 1,000 to 850°C. For CP2 the ductility trough
is deeper and broader than that of cooling pattern 1, reduction
In area falling from 87% to 19% as the test temperature is
reduced from 1050 to 850°C. For CP3 the depth of the ductility
trough is similar to that of CP2, but the ductility trough
€Xtends to a temperature of 1075°C.

The load-elongation curves for each cooling pattern are shown
In Rigs. 8.4 - 8.6. Peak load values at a given temperature
are similar for each cooling pattern. The onset of dynamic
Fecrystallization as determined by the abrupt drop in load
during deformation, varies for each cooling pattern. The
temperatyre range over which dynamic recrystallization occurs
for each cooling pattern is indicated on Fig. 8.3. For CP1
dYnamic recrystallization occurs in samples tested at 1,000°C

. o
Or above, whilst for CP3, this temperature is raised to 1100°C.
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8.3.2 Metallography

SEM fractography revealed that low ductility failures were
intergranular in nature, and similar to the intergranular
decohesion (ID) and intergranular microvoid coalescence (IMC)
fracture modes described in previous chapters, the former
fracture mode predominating. High ductility failures were of
the ductile rupture type described previously.

Examination of carbon extraction replicas taken from samples
fractured using cooling patterns 1 and 3 in the temperature
range 870 - 1050°C revealed extensive precipitation of NbCN

in all cases. AlN precipitation was not observed. At 870°C,
for both cooling patterns, similar precipitation patterns were
Observed (Fig. 8.7), consisting of extensive grain boundary
Precipitation of NbCN, and also a fine, matrix precipitation
of NbCN. Grain boundary particle size and spacing were 15 nm
and 60 np respectively, and matrix particle size was 7'nm.

At a test temperature of 970°C, precipitation was again similar
for each cooling pattern, but grain boundary precipitate size
and spacing are greater than at 870°C (Fig. 8.8) being 30 nm

and 75 nm respectively. At test temperature of 1050°C, grain

boundary precipitation of NbCN is still apparent, but little

matrix precipitation was observed. However, grain boundary

Precipitate size and spacing differ for each cooling pattern:
for Ccpq precipitate size and spacing are 45 nm and 150 nm
respectively, whilst for CP3, the values are 35 nm and 70 nm
(Fig. 8.9)

Typical precipitation in the continuously cast slab at the
Surface, and at the centre, is shown in Fig. 8.10. At the slab

Surface, much grain boundary and matrix precipitation of NbCN

Was observed. At the slab centre, precipitation was more
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random in nature, and only occasionally were grain boundaries
decorated by precipitates. At the slab centre, in addition

*o NbCN, a3 larger, angular particle was present (Fig. 8.10)
analysis of these particles indicated (Mn, Fe)s, typically
containing approximately 7 wt.% Fe. The precipitation observed
at the slab surface is similar in size and nature to that
Observed in tensile samples tested in the temperature range
1,000 - 10500¢, Therefore, it would seem reasonable to assume
that the majority of the precipitates observed at the slab
Surface were formed in the temperature range 1,000 - 1,050°C,
and that Precipitation patterns observed in hot tensile tests

are similar to those found in the actual continually cast slab.
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8.4 DISCUSSION

The ductility trough observed in the temperature range 850 -
1000°C is typical for C-Mn-Nb-Al steels tested using low

Strain rates after high temperature solution treatment (see
Section 2.9). The unusual feature of the hot ductility curves
Shown in Fig. 8.3 is the dependence of the width of the
ductility trough on the cooling pattern used. This behaviour
is similar to that observed by Offerman et al (1981). Tomono
(1973) showed that when steel slabs are subject to rapid
temperature fluctuations due to the impingement of water sprays,
the thermal stresses generated were sufficent to cause cracking.
This seems an unlikely explanation for the present situation,

as cooling rates are far less severe in the hot tensile test,

compared with cooling by water sprays. However, to ensure that

tensile samples were not cracked by thermal stresses prior to

testing, a sample was cooled using cooling pattern 3, but not

tested. Inspection using low power microscopy and dye penetrant

techniques failed to indicate any cracks.
The observation of enhanced NbCN precipitation at 1050°C using

Cooling pattern 3 provides an explanation for the increased width

Of the ductility trough. As indicated in Fig. 8.3, this

increased precipitation has led to the onset of dynamic re-

crystallization being delayed to test temperatures of 1100°C for

Cooling pattern 3, presumably due to increased grain boundary

Pinning by the NbCN precipitated. It is this delay in re=

Crystallization which produced the extended ductility trough when

€ooling pattern 3 was used, by allowing time for the nucleation

ven
and growth of intergranular cracks. It should be noted that e

t
when dynamic . recrystallization is not occuring, hot ductility

. ion to
tends to increase with test temperature, 1n a similar fash
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that observed by Wilcox and Honeycombe (1984) in C-Mn-Nb and
C-Mn-Nb-Al steels. This increase may be due to the increase

in the rate of dynamic recovery as the temperature is raised,
leading to a decrease in the stress levels at grain boundary
triple points and other crack nucleation sites. In addition,
matrix hardening by NbCN precipitates decreases as the temperature
increases, due to the decreased volume fraction of NbCN preci-
Pitates.

Cooling pattern 2 shows ductility intermediate between that of
Patterns 1 and 3, but any changes in precipitation were not

large enough to be detected by carbon extraction replicas, as
Precipitate distributions after using cooling patterns 1 and 2
wWere similar.

Thus the hot ductility behaviour of a C-Mn-Nb-Al steel after
using different cooling patterns can be explained in terms of

the differences in the precipitation of NbCN which thesé cooling

Patterns produce. Nozaki et al (1978) observed that temperature

oscillations above and below the transformation temperature led

to enhanceq precipitation of AlN, but such an explanation cannot

be used to account for the enhanced NbCN precipitation observed

in the present study, as the lowest temperature reached during

the Oscillations was approximately 800°C. The Ae3 temperature

calculated for this steel using Andrews's equation (1965) 1s

8400 e well below

C, but the Arj temperature is still likely to b

800°C, que to the very rapid cooling rate during the temperature

OScillations. Therefore, at no time is the steel cooled below

“he Ary temperature.
A possible explanation for the enhanced precipitation of NbCN

' i ted
during temperature oscillations becomes apparent when it is no

that using cp3 and a test temperature of 1050°C, the lowest
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temperatyre reached is approximately 950°C, and that the time

SPent at temperatures near 950°C is approximately 2 minutes.

The studies on the precipitation kinetics of NbCN by Le Bon et

al (1975), Watanabe et a1 (1977) .and Weiss and Jonas (1979) have

all shown that NbCy precipitation is most rapid around 950°C.

The incubation time for precipitation appears to vary with the
Method used for the precipitation study, but at 950°C, incubation
times are usually in the range 1 - 5 minutes. Thus by cooling to
950°C Prior to testing at 1050°C, an opportunity is given for

the rapig Precipitation of NbCN to occur at 950°C, leading to higher
Volume fractions of NbCN at 1050°C than would be expected simply

by direct cooling to 1050°C. The study of the static precipitation
klnetic of NbCN at g9500°¢c using hardness measurements performed in
Chapter 7 support this argument, as they demonstrate that for

this Particular C-Mn-Nb-Al steel, precipitation of NbCN commences
after approximately 5 minutes (Fig. 7.11).

With regards to continuous casting, it is apparent from Fig. 8.3
that tpe cooling pattern used is only likely to influence trans-
Verse cracking if the slab straightening temperature is above

970°C.  pop Straightening temperatures above 970°C, when hot
ductility is strongly influenced by cooling pattern, it is obviously
important ¢, maintain uniform cooling of the slab surface.

In the Present study, temperature oscillations have occured entirely
in the austenite. During the actual continuous casting process,
temperatUPe Oscillations are likely to occur which lead to cycling
througn the ¥ - & transformation. Under such conditions, hot
Ctility would be expected to be reduced still further, due to
SUch effects as the enhanced precipitation of ALN (Nozaki et al,
1978) ang the introduction of transformation stresses. (Coleman

and Wilcox, 1985). Therefore, under actual continuous casting

-



conditions, transverse cracking is likely to be reduced by the
USe of a uniform cooling pattern even if the slab straightening

temperature is less than g70°C.
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8.5 CONCLUSIONS

1.

Introducing temperature oscillations into the cooling
Pattern of a C-Mn-Nb-Al steel after solution treatment
leads to an extension in the.temperature range of the
ductility trough normally associated with such steels
after uniform cooling from solution temperature.

This extension of the ductility trough is due to the
retardation of dynamic recrystallization introduced by
the temperature oscillations during cooling. This is
Caused by enhanced NbCN grain boundary precipitation
during the temperature oscillations.

If the straightening of continuously cast slab is per-
formed at temperatures above 970°C, it is important to

keep the slab surface cooling as uniform as possible.
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Steel C

Si Mn P S AL N Nb
1 A2 ] .29 1.44 | 003 | .009 | .015 | .010 | .034
2 Jd4 | 22 1.36 | 005 | .011 | .030 | .009 | .030

Table 8.1

Compositions of the steels examined (wt. %)

T - C-Mn-Nb-Al steel for hot tensile testing

2 - continuously cast slab
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Fig. 8.7 Precipitation in steels tested at 870°C after a) cooling
pattern 1 and b) cooling pattern 3.
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QE_Q_Q Precipitation in steels tested at 1050°C after a) cooling
pattern 1 and b) cooling pattern 2.
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CHAPTER 9

THE HOT DUCTILITY OF A DIRECTLY CAST

C-Mn-Nb-Al STEEL
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9.1 INTRODUCTION

In chapter 8, it was noted that the majority of previous hot
ductility studies simulate only approximately the thermal cycle
experienced by the continuously cast slab, and an attempt was
made to produce a cooling pattern similar to that experienced
during continuous casting. However, as in the majority of
Previous studies, these tests were performed on wrought, as
Obposed to cast, materials. The wrought material might be

expected to have improved hot ductility when compared to the as

cast material, owing to such factors as the refinement of the as

cast grain size, and also due to the formation of new grain

boundaries, which are away from the original highly segregated,

as cast, austenite grain boundaries.
Of the few studies conducted on the hot ductility of as cast

material, (Lankford, 1972; Harding et al, 1977; Suzuki et al

1982; Rogberg, 1983)none have used C-Mn-Nb-Al steels, and only

the Studies of Lankford and Suzuki were aimed at simulating the

continuous casting process. Therefore, it was decided to investi-

gate the hot ductility of a C-Mn-Nb-Al steel conforming to BS 4360

grade 50D composition limits, (a grade particularly prone £o

transverse cracking) directly after casting. It was hoped to

Simulate more closely the continuously cast structure. In addition,
it was decided to compare the hot ductility of these cast samples

with samples which had been cooled to room temperature apter

casting, and then solution treated prior to hot tensile testing:
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9.2 EXPERIMENTAL

The composition of the steel examined is given in Table 9.1.
The steel was supplied as a slice off a corner of an as-cast
ingot. Tensile samples 100 mm in length and having an approxi-
mate gauge length of 50 mm were individually machined so as to
fit inside silica tubes with a 0.2 mm diametrical clearance. A
1.2 mm diameter hole was drilled from one end of each sample so
that a thermocouple could be inserted (Fig. 9.1). The samples
Were heated using the induction heating unit described in
Section 3.23 so that approximately 20 mm of the gauge length at
the miq length position could be melted. The molten region was

contained in the tolerance fitted silica sheath.

Samples were melted at 1560°C, re-solidified and cooled at 60°C

e
- to test temperatures in the range 850-1200°C and then

2 5'1 . This strain

Strained to failure at a rate of 1.3 x 10 ~
rate is slightly faster than the rate used in previous tests.
In addition to obtaining the hot ductility directly after casting,

(samples referred to in text as 'as cast') samples were allowed

£0 cool to 60°C, reheated to 1330°C, held for 5 minutes, cooled

3t 60°C min ' to the test temperature and either held for 5
minutes op Strained immediately to failure (samples referred to

in text as 'reheated’).

Comparison with previous work (Mintz and Arrowsmith, 19793 Ouchi

and Matsumoto,1982) was made by obtaining the Gleeble hot ductility

data over the same temperature range using the as supplied ingot

. =1
Steel which hag been reheated to 1330°C and cooled at 60°C min .

(Samples rererred to in text as 'reheated Gleeble'.) The straln

: A
rate in these Gleeble tests was 3 x 10 3 S .

Austenite grain sizes were obtained using the linear intercept

. : oth
Measurement on transverse sections prior to straining from b

\]
as cast' and 're-heated' samples.
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Carbon extraction replicas were taken close to fracture surfaces
for samples or both 'reheated' and 'as cast' conditions. In
addition, the progress of sulphide precipitation during reheating
was followed by heating samples to temperatures in the range

1200 - 1300°C and quenching into iced brine. Precipitates
&Xtracted using carbon replicas were analysed using an EDAX
attachment, ang Semi-quantitive analysis obtained using the EDAX
Programme SW.9100 version 2.3.

To examine sulphide composition and the composition of the steel

surrounding the sulphides, polished sections were examined using

an SEM with EDAX attachment.
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9.3 RESULTS

9.3.1 Hot Ductility Tests

The hot ductility curves of reduction in area against test
temperature for 'reheated' 'reheated Gleeble' and 'as cast'
Conditions are given in Fig. 9.2. For the reheated and as cast
conditions, reduction in area values fell from 90% to 25%
Over the temperature range 1050 - 850°C. Of the two conditions,
the 'as castr material gave the better hot ductility, its hot
dUCtility trough being approximately 80°C lower in temperature.
Samples given long hold times (approximately 1 hour) at the
Solution treatment temperature did not give significantly
different reduction in area values to those samples given
Standarg holding times. The curve for the 'reheated Gleeble'
falls in between the 'as cast' and 'reheated'. However, the
Slower strain rate used in the Gleeble test would be expected
to reduce not ductility (see section 2.5) so that although an
€Xact comparison cannot be made, there is no doubt that -he
'reheateq Gleeble' samples have better hot ductil:ty than samples
Feheated artep induction melting.
9+3-2 Metallography
The austenite grain sizes prior to straining for the 'as cast'
and 'reheateq: samples were 700 and 260 um respectively. The
'as cast' grain size compares favourably with grain size measure-
Ments taken at the surface of continuously cast slabs.

SEM €Xaminations of fracture surfaces of samples broken at

temperatyres giving low ductilities showed three distinct fracture
Mdes; high temperature ductile rupture (HTDR), intergranular
Microvoig coalescence (IMC), and interdendritic failure (IDF),
Flgs. 9.3 . 9.5. The first two fracture modes were essentially

i, ority
Similar to those described in chapter 6, and formed the maj

. 148



Of the fracture surface. It is believed that-the IDF fracture
mode ocurrs .during solidification, and is due to a shortage of
feed metal to the interdendritic regions, resulting in shrinkage
cavities. 1In the 'as cast' condition, lines of angular, type III
MnS inclusions could be seen on the IDF regions of the fracture
Surface, (Fig. 9.5) which probably mark the regions where a
number of dendrites meet. Smaller MnS inclusions were also
observed on the nodule surfaces. In contrast, reheated samples
Showed few of these MnS inclusions.

These coarse angular precipitates were not observed on carbon
extra;tion replicas suggesting that they were either of a very
localised nature, or were not extracted. However, replicas did
reveal an hexagonal sulphide ( - 100 nm in diameter) at the prior
austenite grain boundaries (Fig. 9.6). This precipitate tended
to be sparse in the 'as cast' condition, but very marked in the
'reheated!’ condition. The amount present in the 'reheated’
condition could be reduced by lowering the soaking temperature
in the reheating part of the thermal cycle from 1330°C to 1200°C
(Figs. 9.6 and 9.7) These facts suggest that the austenite grain
boundary sulphides originated through partial solution and re-
Precipitation of the coarser interdendritic sulphides.

Carbon extraction replicas also revealed precipitation of NbCN
In a fine form at austenite grain boundaries, sub-boundaries and
Within the matrix in all the strained samples examined (Figs.
9.8 - 9.9) However, there was significantly more of this grain

boundary precipitation in the 'reheated' condition compared to

the 155 cast' (compare Figs. 9;8 and 9.9) In addition to the fine

NbCn 'as cast'

» @ coarse NbCN eutectic was also present in the

. . d
condition (Fig. 9.10), but a large proportion of this was observe

o redissolve on reheating to 1330°C.
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Sulphide particles extracted by replicas from both 'as cast' and
'reheated! samples were analysed, and the majority of the smaller
Sulphides (100 - 200 nm diameter) extracted from the boundaries
were shown to contain iron, generally between 5 - 10%, although
1solated inclusions gave much higher values of 20%. Typical

X-ray spectra for those sulphides are shown in Fig. 9.5. Within
chig accuracy of the measurement, there was no significant difference
in iron content between inclusions found in 'as cast' and 'reheated'
Samples.

Micro-analysis of polished samples of 'as cast' material indicated
that the mn content of the matrix surrounding a (Mn, Fe)S inclusion
"8 20 - 25% that of the Mn content of the bulk of the material
(see Table 9.2). Analyses of a continuously cast slab are also
shown,

Replicas taken from the 'reheated Gleeble' samples close to the
fracture indicated that the degree of precipitation both of MaS

and NbeN at 8rain boundaries was somewhere in between that shown

by the 'as cagt: and 'reheated' conditions, in accord with hot

ductility behaviour (Fig. 9.11).
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9.4 DISCUSSION

Mintz and Arrowsmith (1979) and Funnell and Davies (1978), and
also the results of chapter 8, have all shown that the hot
ductility of micro-alloyed steels is very much influenced by
the degree of precipitation at the grain boundaries, the more
finely spaced being this precipitation, the worse the hot
ductility., Of the previous studies carried out to evaluate the
hot ductility of directly cast steel (Lankford, 1972; Harding
et al, 1977; Suzuki et al, 1982; Rogberg, 1983), the work of
Harding again shows it is the degree of grain boundary preci-

Pitation which controls hot ductility. In this work, better hot

ductility was obtained in an Al containing steel in the reheated,

as opposed to the as cast condition. It was suggested that in

the reheated condition, the ALN was taken back into solution,

and because of slow rate of ALN precipitation during cooling,

Pemained in solution on cooling to the test temperature.

1
In the present investigation, the hot ductility of the 'as cast

material was superior to the 'reheated'. Such behaviour is

Unusual in that the hot ductility of wrought material 1s
generally superior to 'as cast' since hot working refines and
homogenises the micro structure. (Sellars and Tegart, 1972)

It may be explained by the presence of only isolated particles

at the grain boundaries in the 'as cast' state, but continuous

fine networks of both MnS and NbCN in the 'reheated’ condition.

Although fracture examinations (Figs. 9.3 - 9.5) did show extensive

Coverage of the dendrite nodules by MnS inclusions, most of these

do not 1ie along the austenite grain boundaries. NbCN eutectics

"ere observed in the 'as cast' state, but these eutectics were

n )
ot continuous and were in coarse form.

t=
The re-distribution of MaS and NbCN on reheating to give fine 1
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Works would be likely to reduce hot ductility and give rise to
the observed interangular failures for.a number of. reasons.
Grain boundaries would be more effectively pinned by the finer
distribution of particles and cavitation processes would there-
fore be able to take place more readiiy. A fine continuous net-
work would provide easy linkage for crack propogation. Finally,
the grain boundary network of precipitates were often associated
With precipitate free zones (Fig. 9.8) and this would tend to
concentrate the strain into the boundary region. The major
pProblem in the above interpretation is accounting for the
extensive networks of sulphide precipitates which have not been

observed in previous work.

The observation of coarse NbCN eutectics and coarse MnS inclusions

In the 'as cast' tensile samples indicates that there has been

Intense segregation to the interdendritic boundaries during solidi-

fication. This form of precipitation can be found at the centre-

line of a continuously cast slab, where segregation is most marked.

Because of the intense segregation of S during solidication, B

finer sulphides were formed as (Mn, Fe) S inclusions. These would

b€ gradually converted to a pure MnS given time if the temperature

Was sufficiently high, and in the process these inclusions absorb

Mn from the surrounding matrix. This has been shown by the Mn

content of the matrix in the vicinity of the inclusions being

reduced to about a quarter to approximately 0.3%. This reduced

level of mp would, according to Turkdogan et al (1955) increase

the Solubility of § in austenite at 1330°C, so that approximately

0.005% s would be available for precipitation on cooling after

”eheating' Salmon Cox and Charles (1965) have also noted that

A Fe)S can form in ingot steels of relatively high Mn/S ratio

W . . rer
hen Segregation has been intense, and in reverting to 2 pu
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MnS level in the neighbourhood of the inclusion is considerably
reduceq. They also point out that the manganese to sulphur

ratios obtained by bulk analysis may be misleading as it is the
ratio in the actual liquid from which the sulphide is formed which
is important. To summarise, it is believed that the poorer hot
ductility of the 'reheated' condition compared to the 'as cast'

1s due to the dissolution of 'as cast' sulphides at the reheating
temperatyre and their subsequent reprecipitation in a fine form at
the austenite grain boundaries at the test temperature. The high
Solubility of the 'as cast' sulphides is explained by a high level
of Segregation during solidification after re-melting which
fesulted in Fe-pich sulphides surrounded by Mn-depleted matrix.

It is clear from the foregoing that the casting condition used
after Melting a small section of a tensile specimen are very
different to those encountered during commercial continuous

asting close to the slab surface, where transverse cracking occurs.
This jg evident by comparing the precipitate distribution in
Material taken from the surface of continuously cast slab, (Fig. 8.10)
14 the precipitate distribution in the present 'as cast' samples.
Segregation in the laboratory sample has been found to be more
intense, and this suggests that the cooling rate is too slow,
AHowing concentration of slements into the last 1iquid to solidify
around the interdentritic boundaries. This leads to the production
°f (Mn, Fe) S which can subsequently redissolve more readily on
r‘(-:-heat;;'mg 8iving poor hot ductility. By encouraging the formation
°f pure Mps by faster cooling as found in commercially continuously
€ast slab the tendency to re-dissolve will be reduced and the hot
ductility of the 'as cast' and 'reheated' states would then be

SXPected to pe similar.

Thus the laboratory hot ductility test in its current form, although
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: of the
8iving much useful information on the 1mporta?ceb I
Precipitate distribution at the austenite grain tz factorily
s

controlling hot ductility, cannot at present, satered arin
Simulate the commercial casting cpndition encoun ot o
continuous casting. Tt is e th:ic rise and
by increasing the cooling rate, introducing a cyc

rcial
by the comme
fall in temperature to simulate the undergone

Strand,
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9.5 CONCLUSIONS

The hot ductility of C-Mn-Nb-Al steel cast in situ and subse-
quently tested in the temperature range 850-1300°C has been
shown to pe Superior to that of the steel after cooling below
the tPansformation, resolution treated and tested in the same
temperature range.

This difference in hot ductility can be related to the presence
o' dense, finely divided precipitation of sulphide and NbCN
Precipitates along the grain boundaries in 'reheated' sampTeS
but not ip 'as cast' samples. In contrast, in the 'as cast

Sample, because of the slow cooling rate during solidification,
marked Segregation occurred resulting in coarse NbCN eutectics
ang Manganese Sulphide containing small amounts of Fe, being
Produceq ¢jose to the interdendritic boundaries. These'were
0°C
able o Subsequently largely re-dissolve on reheating to 133
i ies
and precipitate out in a fine form at the new grain boundar

formeq on reheating.
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<14 .35

Sol Al

Nb

Mn

.013

.009

.038

.006

.040

Table 9.1

—

Analysis of steel examined (Wt.%)

Sample

Mn/S ratio
of sulphide

Mn content of steel
surrounding sulphide
relative to bulk Mn

As Cast tensile

Concast slab surface

\

C
Oncast slab centre-line

1.1 0.24
1.28 1.08
1.58 1.02

Tap
—20le 9.2

and surrounding matrix.

Results of EDAX micro-analysis of sulphides
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Sulphide and NbCN precipitation at grain boundaries in
'reheated' sample tested at 950°C.

Sulphide precipitation after reheating to 1200°C prior to
cooling to 950°C.
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Fig.9.8 Precipitation in 'reheated' sample tested at 950°C. N.B.
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CHAPTER 10

The Hot Ductility of Micro-Alloyed Steels
Heated Directly to Test Temperature
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10.1 INTRODUCTION

The hot ductility results presented in the previous chapters

have all yseq thermal cycles involving a high temperature
Solution treatment prior to testing. This has been a common
Procedure for the majority of hot ductility studies carried

out on micro-alloyed steels in the past, and is designed to
Simulate to Some extent the 'as cast' microstructure found in

the continuously cast slab. Other investigations (Wilcox, 1982;
Ouchi ang Matsumoto, 1982) have involved intermediate heat treat- -
ments at temperatures below the final test temperatures in order
to deduce the influence of a variety of precipitate distributions
on hot ductility. Other investigations, whilst examining the

Bot ductility of micro-alloyed steels when heated directly to
test temperature, have used high strain rates to simulate hot
Folling processes. (Sankar et al, 1979) To date it appears
that only Wray (1981) and Ouchi and Matsumoto (1982) have
€Xamined the hot ductility of micro-alloyed steels when heated
directly to test temperature, using intermediate strain rates.

It is intended in this chapter to examine the influence of
temperature apg strain rate on the hot ductility and hot strength
°f a variety of micro-alloyed steels heated directly to test
temberature.  Althiough not directly relevant to the continuous
casting process, it was hoped that such results would provide
furthepr information to aid in understanding the hot ductility of
these steels by producing precipitate distributions and grain
Sizes very different to those produced after high temperature
Solutjon treatments. Also, many hot forming processess do involve
direct heating followed by deformation, e.g. the production of
Pipeline fittings, which commonly use micro-alloyed steels, and

thus it yas hoped that the hot ductility and strength data obtained
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by carrying out directly heated hot tensile tests would be of

Some relevance to such processes.
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10.2 EXPERIMENTAL

Six steels were examined having similar base compositions of
0.15%C, 1.4% Mn and 0.3% Si and varying additions of such elements
as Nb, Vv, Al, Ti and Ca. The compositions are shown in Table
10.1. The Steels were cast as 50 kg laboratory melts, and
rolled to 37 mm plates, finishing rolling 1050°C. Tensile
Samples with diameter 5.04 mm and gauge length 25.4 mm (Fig. 3.3)
Were machined longitudinally from each plate.

Hot tensile tests were performed using the Instron equipment
described in section 3.2.2. The samples were heated to test
temperatures in the range 600 - 1100°C at a constant rate of
15°C/min., and held for 15 minutes prior to testing at initial
Strain rates in the range 107°— 107* s~'. after fracture,

the samples were cooled to room temperature at a rate of approxi-
mately 25°C/min,

Metallographic sections were prepared from selected samples, and
carbon extraction replicas prepared and examined as described in
Section 3,3, To ensure that the precipitates examined were not
formed during the relatively slow cooling rate after testing, heat
treatments wepe carried out on small samples of the C-Mn-Nb-Al
Steel in 3 muffle furnace. Two samples of this steel were heated
to 10500¢ fop 15 minutes, and one cooled at 25°C/min. to room
tempel"atur‘e, and the other quenched into iced brine. Replicas
Were prepared from each, and examination proved that the preci-
Pitation patterns were similar in each. This verifies that no
Significant Predpitation occurs in this steel during cooling at
25°C/min, from temperatures up to 1050°C.

Fractographjc examination was carried out using a JEOL T100 SEM.
To estabiigp austenite grain sizes prior to fracture, small

SaMples were heated in a muffle furnace to simulate the thermal
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Cycle of the hot tensile test, and then cooled at a rate to
Produce ferrite outlinement of the austenite grains. Austenite
grain size was measured using the linear intercept method.

For the C-Mn and C-Mn-V-Al steels, a Theta dilatometer was used
to determine Ac transformation témperatur‘es for heating rates

of 15°C /min.
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10.3 RESULTS
10.3.1. Hot Strength
Fig. 10.1 shows the influence of test temperature on peak stress,
Op, for all six steels, when heated directly to test temperature
and fractured using a strain rate of 3 X 1073 s~'. There is a
continuous decrease in Up as the test temperature is increased.
composition has little influence on Op above 850°C, when all the
steels are expected to be austenitic. However, the C-Mn steel
does appear to have slightly lower values of Up between 850 and
950°C, possibly due to slight precipitation hardening effects in
the other steels. At test temperatures below 700°C, in the ferrite
blus nearlite region, the steels with higher carbon contents, and

hence higher pearlite volume fractions, have the higher strengths.

The influence of strain rate on the hot strengths of the C-Mn,

C-Mn-Al and C-Mn-Nb-Al steels is shown in Fig. 10.2 - 10.4. In
these figures, 1n 0p is plotted against 1/T, where T is the
3x 1072 -

absolute temperature, for strain rates in the range

3x 07 s, These plots show a linear relationship between

In 0p and 1/T or at constant strain rate for all three steels in

the austenite phase region, in agreement with equation 2.3. The

activation energy for deformation, Q, is obtained by plotting 1n €

against 1/T at constant op. Q is determined from the gradient of

the resulting Straight lines, and these curves are shown in Figs.

10.5 = 10.7. For the C-Mn steel, the activation energy is 290 KJ

-1 . : ;
mol™", which is the same as the result obtained for this steel in

chapter 4, although in the previous case, a different thermal

cycle was investigated. For the C-Mn-Al and C-Mn-Nb-Al steels,
-1

the activation energies were 316 KJ m01-1 and 435 KJ mol

respectively.

The stress exponents, n, for each steel are determined from the
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&radients of the plots of 1né versus 1n Op at constant temperature,
and are shown for the C-Mn,C-Mn-Al, and C-Mn-Nb-Al in Figs. 10.8 -
10.10.  The values of n for the C-Mn, C-Mn-Al, and C-Mn-Nb-Al were
4.9, 5.7 and 7.7, respectively. These values of n and q are
COmpared with the results of other workers in Table 10.2, and are
shown to be in reasonable agreement with these previous values.

- -4
For some tests performed at strain rates of 3 x 103 and 3 x 10

3-1, it was sometimes possible to detect the occurrenée of dynamic
recrystallization from the form of the load-elongation curves.
Such curves were characterized by either an abrupt drop in flow
Stress, or by oscillations in the flow stress. Similar load
elongation curves have been observed by other workers during the
low strain rate tensile testing of steels. (Wray and Holmes, 1975;
Wilcox, 1982), Unfortunately, in some cases it was not possible
to determine unambiguously whether dynamic recrystallization was
occurring from the load-elongation curves. Some representative
€xamples of load-eléngation curves are shown in Fig. 10.11. The
onset of dynamic recrystallization as a function of temperature,
OmMPosition and strain rate will be detailed in the following
Section, along with hot ductility results.

10.3.2, Hot Ductility

Reduction in area values as a function of test temperature for all
SiX steels are shown in Fig. 10.12, the strain rate used being

3 x 1073 51, The C-Mn and C-Mn-Ti-Al steels show reduction in
area values greater than 90% over the entire temperature range
€Xamined, j.e. 650 - 1050°C. The C-Mn-Al, C-Mn-V-Al and C-Mn-Al-Ca
Steels show some loss of ductility in the temperature range 750 -
350¢c, reéduction in area values falling from 90% to approximately

®5% for the C-Mn-Al and C-Mn-V-AL steels, and from 9T% to 85% for

the C-Mn-a1-ca steel. The C-Mn-Nb-Al steel shows more severe
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embrittlement in the temperature range 750 - 1000°C, with

reduction in area values of 50%.

Fig. 10.12 also shows the temperature range over which dynamic

recrystallization occurs for each steel, as determined from the

load elongation curves. For the C-Mn-Nb-Al steel, dynamic

recrystallization occurs only at temperatures above 950°C, whilst

for the C-Mn-Al, C-Mn-V-Al, and C-Mn-Al-Ca steels the corres-
ponding temperature is 850°C, and for the C-Mn and C-Mn-Ti-Al

steels, 800°C. For the C-Mn-Al, C-Mn-V-Al and C-Mn-Nb-Al steels,

the onset of dynamic recrystallization is associated with an

increase in hot ductlity.

The C-Mn, C-Mn-Al and C-Mn-Nb-Al steels were also tested using a

; =, =4 -1
variety of strain rates in the range 3 x 10 2_3x10 s .

Figs. 10.13 - 10.15 show the influence of strain rate on the hot

ductility of these three steels, and also dynamic recrystallization

and transformation data. The C-Mn steel showed excellent hot

ductility when tested using the two highest strain rates, but a

Severe ductility trough was apparent for this steel when tested

at a strain rate of 3 x 107 s~ ductility dropping to 55%

’

reduction in area at 900°C. Dynamic recrystallization occurred

at all strain rates for test temperatures greater than 820°C.

Fig. 10.14 shows the influence of strain rate on the hot ductility

of the C-Mn-aA1l Steel, and shows the development of a ductility

t - 3 x 1072
rough as strain rate is reduced. At a strain rate of 3 x

-1 i B
S ', no loss of ductility is apparent, but as the strain rate 1s

decreased, an increasingly deep and wide ductility trough is

formed, and at the slowest strain rate, this trough extends from

800 - 1000°C, with minimum reduction in area values of 35%.

Dynamic recrystallization occurs at temperatures greater than

” and at temperatures

0°C for the two higher strain rates,
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greater than 970°C for the lowest strain rate. The hot ductility
of the C-Mn-Nb-Al steel shows a similar decrease in hot ductility
with decreasing strain rate (Fig. 10.15), the slowest strain rate
Producing a ductility trough in the temperature range 800 - 1050°C,
with a minimum reduction in area value of 42%. Dynamic
recrystallization commences at a test temperature of 1000°C for

the C-Mn-Nb-Al steel.

1043:3. Metallographz

The variation in austenite grain size with temperature for all

the steels examined is shown in Fig. 10.16. The C-Mn steel

showed a continual increase in austenite grain size with tempera-
ture from 70 pum at 875°C to 200 um at 1100°C. The other steels
showed an approximately constant grain size of 30 um in the
temperature range 900 - 1050°C. Above this temperature, grain

growth occurred rapidly for each steel, and at 1100°C, grain

Sizes vary from 60 uum for the C-Mn-Ti-Al steel to 140 um for the

C-Mn-Al and C-Mn-V-Al steels.

SEM examination revealed three distinct fracture modes:- low

temperature ductile rupture (LTDR), high temperature ductile

rupture (HTDR) and intergranular failure (IG). These first two

fracture modes were identical to those observed in the C-lMn steels

Studied in chapter 4. LTDR was observed in all steels and at all

Strain rates below a temperature of 800°C. HTDR was observed in

the C-Mn and C-Mn-Ti-Al steels when tested above 900°C, and in

the remaining steels at temperatures above 1000°C. The IG

failure mode was observed in steels which failed with reduction

in area values of less than 70%, and is illustrated in Fig. 10.17 .

This mode of intergranular failure appeared different to that

§ i in size
Observed in previous chapters, due to the fine austenite gral

( =30 um). Micro voids were not present on the grain racets.
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€Xamination of carbon extraction replicas revealed fine
Precipitates in all steels expect the C-Mn steel. The sizes,
SPacing and nature of the precipitates present in each steel

are given in Table 10.3 at test temperatures of 950°C and 1050°C.
The C-Mn-41 steel showed continuous networks of A1N precipitates
at austenite grain boundaries at temperatures of 950°C and 1050°C,
(Figs. 10.18 -~ 10.19) precipitation being coarser and more widely
Spaced at the higher test temperature. Little inter-granular
Precipitation was observed in this steel. Precipitation in the
C-Mn-Al-Cca Steel was essentially similar to that observed in the
C-Mn-A1 steel. (Figs. 10.20 - 10.21). The C-Mn-Ti-Al steel

Showed much randomly distributed precipitation of Ti (C, N), the
Precipitates varying greatly in size in any given replica (Figs.
10.22 - 10.23). No AIN precipitation was observed in this steel.
The C-Mn-v-p) stee; contained precipitates of both AN and V(CN),
the a1N being present in the form of large angular plates, whilst
the V(CN) was present as smaller, round precipitates. (Figs. 10.24
= 10.25). The V(CN)was sometimes present at grain boundaries, but
usually within the grains, the grain boundary precipitates being
Slightly coarser than those within the matrix.

Extensive precipitation of both Nb (C,N) and AN was observed in
the C‘Ml'l-Nb-Al steel, both at austenite grain boundaries and

Within the grains (Fig. 10.26 - 10.27). vIn some cases precipitate
free Z0ones adjacent to the austenite grain boundaries were also
Observed (Fig. 10.26). Again, the AIN was present in the form of
angular Platelets, often closely associated with Nb(CN) precipitates
(Fig. 10.27)

10.3.4 Dilatometry and Transformation Data

The AC3 and Ac1 temperatures for the C-Mn and C-Mn-V-A1 steels

heateq at 15°C min"1 obtained by dilatometry are shown in Table
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10.4, along with calculated Ae1 and Ae3 temperatures using the

€quation of Andrews (1965).
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10.4 DISCUSSION

10.4.1.  Hot Strength

Peak stress values appear to be little influenced by composition
in the austenitic state, although the C-Mn steel shows slightly
lower op values, possibly due to a slight precipitation
hardening effect in the other steels, or the generally coarser
grain sizes in the C-Mn steel. When tested in temperature ranges
Producing a ferrite/pearlite structure, peak stress is influenced
by the variations in C content between the different steels,
Since increases in C content, and hence pearlite volume fraction,
lead to rapid increases in work hardening rates, producing high
Peak stresses.

The linear plots obtained in Figs. 10.2 - 10.10 again demonstrate
the genera) applicability of equation 2.3. The values of Q

3nd n obtained for the C-Mn, C-Mn-Al and C-Mn-Nb-Al steels are

in genera) agreement with previous results (Table 10.3), which
consistently show hight Q and n values for Nb containing steels.
Tt should be noted that these @ values are higher than the
activation energy for the self diffusion of iron in austenite,
Which is 285 kJ mo1~! (Badia and Vignes, 1969). The high values
°f Q and n associated with Nb containing steels are due to the
retardation of dynamic recrystallization in such steels (Sankar
et al, 1979).

Previous Studies (Maehara aﬁd Ohmori, 1984; Yasumoto et al, 1985)
and the results of Chapter 7 have shown that increases in hot
Strength, due to extensive intragranular precipitation of carbides,
Nitridegs and sulphides have a detrimental effect on hot ductility.
The Fesults in this chapter show a small precipitation hardening
omPonent in the hot strength results, but it is important to

Mote that thig precipitation hardening component is similar for
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all the compositions examined. Thus, differences in hot ductility
between these steels cannot be due only to hot strength differences
between the steels.

10.4.2 Yot Ductility

At a strain rate of 3 x 1073 s'i, the C-Mn steel shows excellent
hot ductility over a wide temperature range, in contrast to the
hot ductility behaviour of this same steel when tested after
Solution treatment. Figs. 4.1 and 5.2 show that after solution
treatment this steel can suffer severe embrittlement associated
With the austenite to ferrite phase transformation. However, as
Shown in Fig, 10.12, heating directly to test temperature

Produces no ductility trough at strain rates greater than

3 x 1074 s~T, This is likelty to be due to differences in phase
distribution and grain size produced by the differing thermal
¥cles. When the steel is cooled into the two phase region,

the Softer ferrite phase forms continuous networks at the austenite
grain boundaries, and these continuous networks act as paths for
¢rack propogation as described in chapter 4, However, in the

€8¢ of heating directly into the two phase region, the austenite
forms the continuous network, having nucleated at pearlite
Colonies apg ferrite grain boundaries. Cracking in this case
occurs Predominantly in the ferrite, and at austenite/ferrite
Interfaces, anq it appears that cracks rarely propogate across
interphase boundaries. (Figs. 10.28 N.B. to obtain a coarse
microstructypre for examination, a heat treatment was used to
Produce & coapss farpita grain structure prior to testing, and
hence 4 coarse two phase mixture). Thus the phase distribution
and fine grain size produced by direct heating shows good hot
ductility in the two phase region due to the lack of continuous

Paths for crack propogation. Therefore, the hot ductility results

168



shown in Fig. 10.12 for all the steels examined are not
influenceq by phase transformation, and ductility will be
influenced directly by composition and precipitation only.

The C-Mn Steel shows a continual increase in austenite grain
Size prior to deformation over the entire range of test
temperatures as opposed to the micro-alloyed steels, which

all show an approximately constant grain size below test
temperature of 1050°C, due to pinning of grain boundaries

by Precipitates. Above 1050°C, grain growth occurs rapidly

as these Precipitates increase in size. Comparison of hot
ductility and grain size results indicate that grain size

€an only be a secondary influence on hot ductility, since

wide Variations in hot ductility are observed, whilst the
8rain size remains constant, or alternatively hot ductility
Pemains constant, whilst grain size varies.

The foregoing results indicate that hot strength, phase trans-
formation ang grain size have little significance in explaining
the hot ductility results shown in Fig. 10.12, and to explain
these results, it is necessary to examine both grain boundary
and intrg granular precipitation in more detail. Examination
°f Table 19,3 shows that all the steels having a ductility
trough when tested using a strain rate of 3 x 107> s~ ' show
grain boundary precipitation to some extent. The steels with
&ood hot ductility, the C-Mn-and C-Mn-Ti-Al steels, show no
grain boundary precipitation, although the C-Mn-Ti-Al steel
Shows €Xtensive randon precipitation of Ti(C,N). Thus it
aPpears that at this strain rate, ductility troughs are
associateq with grain boundary precipitation. It appears likely

that these grain boundary precipitates influence hot ductility

by retarding the onset of dynamic recrystallization, as Fig.
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10.12 shows that lack of ductility failures are associated with
a lack of dynamic recrystallization, so that brittle, inter-
&ranular fajlyres can occur before the critical strain for the
Nucleation of dynamic recrystallization, €c, is reached, as described
by Wilcox and Honeycombe (1984). When dynamic recrystallization
Commences before failure, high ductility fractures occur, as
mig"ating grain boundaries isolate the developing cracks. This
retardation of dynamic recrystallization is due to the array of
Static Precipitates at austenite grain boundaries present before
def'Ol"mation, as opposed to the dynamic precipitates formed con-
tinually during deformation, which retard dynamic recrystallization
after Solution treatment. These results indicate that the high
temperatyre éxtent of the ductility trough is dependant on the
temperature, Tc, at which the fracture strain equals the critical
Strain for the onset of dynamic recrystallization, €. As the
test temperature is increased above Tc, recrystallization can
occur befgpe fracture, and ductility increases rapidly. Tc for
the Nb Containing steels is particularly high, due to the effect
°f grain boundary precipitates, and also due to the small amount
°f Nb in Solution at the deformation temperature (equilibrium
Calculatjong using the formula of Irvine et al (1967) indicate
0.008ut.% for the C-Mn-Nb-Al steel).
The actual minimyy value for hot ductility is expected to be con-
trolled by syep factors as grain size, strain rate, precipitation
_— Composition. The results shown in Fig. 10.12 are at a con-
Stant stpaiq rate of 3 x 107 s”', and as discussed previously
8rain sjge is approximately constant for all but the C-Mn steel
in the temperature range 850 - 1050°C, and therefore differences
in the Minimum ductility values between the steels are probably

due tq the differences in precipitation. The C-Mn-Nb-Al steel
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has the lowest value of reduction in area, and one possible

Cause for this is the extensive grain boundary precipitation,
Providing an €asy path for crack propogation, combined with

the extensive intragranular precipitation. This intragranular
Precipitation loads to matrix hardening, and to the development

°f PFZ's, which tend to concentrate strain at the grain
boundaries, The C-Mn-Al steel, although having similar grain
boundary precipitation to the C-Mn-Nb-Al steel in terms of size
and spacing, lacks the extensive intragranular precipitation of
the C-Mn-Nb-a1 Steel, and hence the C-Mn-Al steel has the higher
ductility valyes. The C-Mn-V-Al steel has similar hot ductility
values to the comp-a; steel, although extensive grain boundary
Precipitation is not often observed in this steel. However, the
extensive intragranular precipitation in the C-Mn-V-Al steel leads
to this Steel having similar hot ductility values to the Q-Mn-Al
Steel. The C-Mn-l-Ca steel shows surprisingly high hot ductility
“Onsidering that its precipitate distribution and grain size are
VY similar to that of the C-Mn-Al steel. The C-Mn-Al and C-Mn-
Al-ca Steels have similar compositions, but the C-Mn-Al steel does
“°M%ain 0.017 wt.% A1, compared to 0.037 wt.% AL for the C-Mn-Al-Ca
Steel. (gee Table 10.1). This difference in Al content might be
®Xpected tq 8ive the C-Mn-Al-Ca worse hot ductility, whereas the
Feverse is actually observed. One possible explanation for the
SUPPrisingly nigh pot ductility of the C-Mn-Al-Ca steel is its very
10w S level of 9.0 wt.%, compared with  .008 wt.% for the C-Mn-Al
Steel. Recent work by Heritier et al (1981) and by Osinkolv et al
(1985) has Shown that in experimental Fe-C alloys containing AIN

and g, increasing S levels have a severe detrimental effect on hot

ductiliey for a given AIN content. Thus the very low S level of the

CMn-n1-cq Steel may be responsible for its relatively good hot
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ductility. The low temperature extent of the ductility trough
is not Strongly dependent on composition, and for all steels
showing a quctility trough, hot ductility starts to fall at

approximately 800°C, which is close to the Ae_ temperature range

3
(810 - 858°C, Table 10.4) for these steels, calculated using the
€qQuation of Andrews (1965). It appears likely that hot ductility
first begins to fall when austenite formation is almost complete,
and when considerable grain boundary sliding can occur between the

austenite grains.

10.4.3. The Influence of Strain Rate on Hot Ductility

Fig8. 10.13 shows that when a sufficiently slow strain rate is used,
2 C-Mn stee) containing no precipitates can fail in a brittle
Manner, Brittle intergranular failures in austenites containing no
Precipitates have been reported previously (Wray, 1984) if
Sufficiently slow strain rates are employed. The results of Figs.
10.74 - 10.15 shows that decreasing strain rates lead to broadening
#nd deepening of the ductility troughs existing in the C-Mn-Al and
C-Mn-Nb-Al steeis. It should be noted that in these steels, the
Precipitate distributions are very stable with respect to time, and
Precipitate distributions present after fracture are identical for
SAMples tested at the same temperature, but with different strain
rates. Austenite grain size is also stable with respect to time.

Thus the decrease in hot ductility with decreasing strain rate is not
due to Variations in microstructure due to long test times. This
decrease in hot ductility is more probably due to the increase in

the ratiq €g8.b./€t, where €g.b. is the strain due to grain boundary
Sliding ang €t the total strain, as discussed in section 2.5, which
will favoup intergranular failure. Also, if dynamic recrystallization
oceurs, grain boundary migration rates will be reduced as the strain

rate is Feduced, making the isolation of grain boundary cracks less
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effective. Figs. 10.13 - 10.15 indicate that low ductility
failures can occur even though dynamic recrystallization is
Proceeding at the lowest strain rate examined. Unlike the

=1, the high

ductility results using a strain rate of 3 x 1073 s
temperature extent of the ductility trough does not necessarily
Coincide with the onset of dynamic recrystallization. It seems
Hkely that at the lowest steain rate examined, the slow rate of
grain boundary migration associated with dynamic recrystallization
is ineffective in preventing crack growth. In addition, at a
Strain rate of 3 107" s7T, recrystallization is periodic in
nature, ang it is possible that intergranular cracks may develop
between each recrystallization cycle, further reducing ductility.
Thus it appears that at strain rates of 3 x 10°! s™, dynamic
Fecrystallization arguments alone cannot explain hot ductility

behaViOUF, as it appears that at these slow strain rates, dynamic

Fecrystallization becomes less efective in preventing low ductility

failure,

173



10.5 CONCLUSIONS
-_—

1.

Six micro-alloyed steels have been tested at temperatures in
the range 1100°C using strain rates between 3 x 102 -
3 x 10”% s after heating directly to test temperature,
and their strengths have been shown to be described by the
the equation:-

€= A0" exp (‘Q/RT)
At a strain rate of 3 x 1073 s_1, the C-Mn-Al, C-Mn-Al-Ca,
C-Mn-V-A1 and C-Mn-Nb-Al steels show a loss of ductility in
the temperature range 750 - 1000°C, due to the extensive

i ich retards
8rain boundary precipitation in these steels, whic

the onset of dynamio recrystallization.

-1 4

-3 3x 10°
Decreasing the strain rate from 3 x 10 s” to

s7! deepens and broadens the ductility troughs in the C-Mn-Al
and C-Mn-Nb-A1 steels, and introduces a ductility tr?ugh in
the 54AViour of the C-Mn steel in the temperature range

800 - g00°c. 1t is believed that the adverse effect of
decreasing Strain rate on hot ductility is due to strain

i uced grain
Concentration at the grain boundaries, and to red

i ar failure.
boundary migration rates, which favour intergranul
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/ Steel J C / Si / Mn / P S Al N ’ Nb ’ Ti v Ca
C-Mn { .19 .20 1.40 .002 .013 _ .004 = —_ s —
C-Mn-Al .15 .29 1.45 .003 .008 017 .006 —_— —_ —_— —
C-Mn-V-Al .11 .32 1.34 .005 | .006 .024 .004 -_— —_— .057 —
C-Mn-Nb-Al .12 .29 1.44 .002 .009 .015 .010 .034 —_ s _
C-Mn-Ti-Al .16 .23 1.50 .002 .013 .030 .004 _— .030 — —
C-Mn-Al1-Ca .10 41 1.30 .014 .001 .037 .008 —_ — St .005
Table 10.1 Compositions of the steels examined (wt.%)




Steel Reference (Kngl-1) n
__b'Mn Present work 290 4.9
C-Mn Sellars and Tegart (1966) 300 4.6
C-Mn-Al Sankar et al (1979) 308 5.1
C-Mn-A1 Ouchi and Okita (1982) 406 5.7
C-Mn-A1 Present Work 316 5.3
C-Mn-Nb-Al | Sankar et al (1979 434 8.6
C-Mn-Nb-Al | Ouchi and Okita (1982) 401 6.1
C-Mn-Nb-Al1 | Present work 435 7.7
S

Table 10.2

Comparison of activation energy, Q,

and stress

exponent, n, of present work with previous studies.




- Grain Boundary

Metrix

Precipitate Reduction in Grain boundary
Steel Type .area (%) Precipitate Size | Precipitate Spac- | Precipitate Size
(nm) ing( nm) (rm)

] 850°C 1050°C 850°C 1050°C 850°C -| 1050°C" | 850°C 1050°C
C-Mn —_— 99 98 - - - - - -
C-Mn-Ti-Al Ti (C,N) 98 98 - - - ~ 58 65
C-Mn-Al AIN 63 98 39 51 32 84 5 -
C-Mn-Nb-A1 AIN, Nb(CN) 53 96 45 58 64 127‘ 30 35
C-Mn-Al-Ca AIN 84 98 40 50 35 90 = =
C-Mn-V-Al AIN, Nb(CN) 66 V98 - - - - 40 70

Table 10.3

3 57N

Precipitate types and sizes present at test temperatures of 850°C and 1050°C

(€=13x 10




Steel Transformation Temperature (°C)

Ac1 Ac3 Ae1 Ae3

C-Mn - - 714 810

C-Mn-A1 = - 716 826

C-Mn-v-A1 707 848 718 845

C-Mn-Nb-A1 - - T14 840

C-Mn-Ti-A1 - . - 714 820

C-Mn-Al-Ca - - 720 858
Eéﬁﬂfi_ﬂlli Transformation data, Ae temperature

Calculated using the equation of Andrews (1965), Ac
temperatures determined by dilatometry (1% trans-
formation).
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Fig.10.20 AlIN precipitation in C-Mn-Al-Ca steel tested at 850°C using a
strain rate of 3 x 1073 s~
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Fig.10.22 Precipitation in C-Mn-Ti-Al steel tested at 850°C using a
strain rate of 3 x 10=3 s~
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Eif.10.24  Precipitation in C-Mn-V-Al steel tested at 850°C using
a strain rate of 3 x 10=3 5-1
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Fig.10.26 Precipitation in C-Mn-gb—A* steel tested at 850°C using a
strain rate of 3 x 107~ s~
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CHAPTER 11

Summary and Recommendations for Future Work



1.1 INTRODUCTION

In the previous chapters, some of the many factors which influence
the hot ductility of steels have been discussed, and it is intended
in this final chapter to draw together these various factors to
form a coherent picture of the hot ductility behaviour of plain
carbon, and micro-alloyed steels. Previous work and the present
Study, have generally shown that low ductility failures at
temperatures in the range 600 - 1000°C, after testing using inter-
mediate strain rates, are of two distinct typesi- i) failure
occuring due to strain concentration in the thin pro-eutectoid
ferrite films formed at the y grain boundaries after transformation
and ii) crack formation at p grain boundaries due to grain boundary
Sliding, followed by crack growth and coalescence in the austenitic
State. These two distinct fracture modes will be discussed sepa-
rately. From the conclusions reached in the present study, and
those reacheq in previous studies, recommendations will be made to
3ld in the reduction of transverse cracking in continuously cast
slab. Finally, recommendation for future work will be made, based

°n the results of the present study.
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11.2 SUMMARY

11.2.1 Low Ductility Failure; (r + )P region

A steel tested at a temperature within the two phase region

may show brittle, intergranular failure, if a suitable

ferrite distribution is present. The most deleterious form

of ferrite with regards to hot ductility are the thin ferrite
films formed along )y grain boundaries by deformation, as
described in chapter 4. However, grain boundary ferrite pro-
duced under more equilibrium conditions is still capable of
pProducing a significant ductility trough, as shown by the
results of chapter 5.

In such two phase structures, as deformation proceeds, strain

is concentrated in the ferrite films, and micro-voids nucleate
at inclusions, chiefly MnS, within the ferrite films. These
micro-voids grow and coalescuicsa as deformation proceeds, and
final failyre appears intergranular in nature, the grain facets
being covered with microvoids. Ductility begins to recover as
the test temperature is lowered below the transformation
temperature, and the ferrite films begin to thicken, hence
reducing the strain concentration. An additional factor which
Mmay be responsible for the recovery of ductility is the reduction
of the Strength difference between austenite and ferrite as

the temperature is lowered. (Wray, 1981)

The temperature range over which the ductility trough extends
depends on composition, grain size and cooling rate from the
Solution‘temperature. For constant cooling rate and grain size,
increasing C content lowers the transformation temperature, and
hence lowers the temperature at which the ductility begins to
fall, at least for C contents less than .35%. Above this value,

the results of chapter 4 indicate that the ductility trough can
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only be partially explained by the onset of transformation.

For constant composition and cooling rate, increasing grain

size prior to testing deepens and broadens the ductility

trough. This occurs because in the coarse grained steels,

thin films of deformation induced ferrite readily form at the
grain boundaries, producing a marked loss of ductility.

Cooling rate from the reheating temperature can influence the
pPosition of the ductility trough by altering the transformation
temper‘ature, faster cooling rates lowering the transformation
temperature and hence shifting the ductility trough to lower
temperatures.

The ductility trough occurring when samples are cooled into

the two phase region is almost entirely absent when samples

are heated into the two phase region, due to the fine, dispersed
austenite/ferrite mixture produced, which provides no easy paths
for crack propogation.

11:2.2  Low Ductility failure; V region

Under suitable test conditions, both plain carbon and micro-
alloyed steels can fail in this single phase austenite region
With low ductilities. It appears that grain boundary cracks
Nucleate at triple points and propogate as deformation continues.
Two types of grain boundary fracture were identified when failure
had occurred in the single phase austenite region; intergranular
decohesion (ID), which showed relatively flat facets, and inter-
granular micro void coalescence (IMC), which showed micro-voids
Of the grain facets. In the majority of cases, for either of
these fracture modes to occur, it is necessary for the fracture
Strain, €7, to be less than the critical strain for dynamic
recrystallization, €+ If this condition is not met, developing
8rain boundary cracks are prevented from propogating by the
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onset of dynamic recrystallization. This idea 1is illustrated
in Fig. 11.1, which shows the variations of €r and €, with
temperature. It is well known that fc decreases continually
with increasing temperature (McQueen and Jonas, 1975). The
variation of ef with T is not so clearly understood, but some
investigations have reported an increase in €n with T, even
though dynamic recrystallization had not occurred. (Wilcox
and Honeycombe, 198%) However, Fig. 11.1 illustrates that
as long as ef'is less than €. at some temperature, a ductility
trough will develop no matter what the precise variation of (f
with temperature. Fig.11.1also introduces the idea of the
Critical temperature, Tc’ at which € = €. Above Tc, ductility
is expected to increase rapidly as dynamic recrystallization
Proceeds, whilst below Tc, intergranular failure will occur.
It is possible to explain the hot ductility behaviour of the
Plain C ang micro-alloyed steels investigated in the previous
Chapters by the effects of precipitate, grain size and strain
rate on eé and €
The influence of strain rate on € is well known, €c
decreasing as strain rate decreases, except possibly at very
low strain rates (see section 2.3). The influence of strain
rate on Gf is not so well documented, but in the majority of
hot ductility studies the hot ductility decreases rapidly as
strain rate decreases. (Mintz and Arrowsmith, 1979; Ouchi
and Matsumoto, 1982). In some studies (Mintz and Arrowsmith
1979), and in the results of chapter 10, the temperature at
which hot ductility first begins to fall increases as strain
rate decreases. This behaviour is illustrated in Fig. 11.2
which shows the influence of varying strain rate over a range

of temperatures on ef and €. Fig. 11.2 shows that if it is
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assumed that €. is more sensitive to strain rate than €_,

and increase in the width of the ductility trough is expected.
Precipitation is known to have a marked effect on both €.

and €pe €. 1s known to increase when fine nitride and/or
carbide precipitates are present in sufficient volume fraction
(Weiss and Jonas, 1979). The effect of precipitates on ec

is also expected to be temperature dependent, since at high
temperatures precipitate size will be increased, and volume
fraction decreased. ef is also affected by precipitation, for

a number of possible reasons; matrix precipitation will tend

to concentrate strain at the grain boundaries when precipitate
free zones develop, and grain boundary precipitates themselves
May act as easy paths for crack propogation. The influence of
Precipitation on €. and € 1s illustrated in Fig. 11.3, which
Shows that precipitation is expected to deepen and broaden the
ductility trough. Thus thermal cycles such as those involving
temperature oscillations during cooling from solution temperature,
and those which produce many fine, dynamic precipitates, will
Produce a deepening and broadening of the ductility trough.
Grain size Prior to testing also influences both €. and €+

€ 1S known to increase with increasing grain size, as discussed
In section 2.6, creep studies, and the results of chapters 5 and
6,

both indicate a decrease in €. with increasing grain size.

Fig. 11.4 illustrates the deepening and broadening effect on

ductility trough of increasing grain size.
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1.3 RECOMMENDATIONS FOR THE REDUCTION OF TRANSVERSE CRACKING

The results of chapter 8 have shown the importance of maintaining
low amplitude temperature oscillations in the slab surface during
continuous casting especially when a 'soft' cooling practice has
been adopted, i.e. one which involves slab straightening at
temperature above the ductility trough. Careful control and main-
tenance of cooling sprays to produce a more uniform cooling pattern
would be expected to reduce transverse cracking by reducing NbCN
Precipitation before slab straightening.

Chapters 5 ang 6 have shown that graih size prior to testing can
have an influence on the hot ductility as measured in hot tensile
tests, and hence a refinement in grain size prior to slab
Straightening might be expected to reduce transverse cracking.
Austenite grain size, following solidification, can be minimized

by the choice of an appropriate C level, as described by Mashara

et al, (1985), either below 0.10% or above 0.15%. These composition
ranges limit the time spent by the solidification steel in the
Single phase austenite region of the phase diagram. Another possi-
bility for refining austenite grain size is Ti treatment, which can
lead to the formation of TiN or Ti-Nb compounds which are effective
In restraining grain growth, if of a suitably fine size.

The results of chapter 7 indicate that dynamic precipitation of NbCN
have a greater deleterious effect on hot ductility than static
Precipitates formed at the same temperature. Thus a reduction in
€00ling rate following solidification would reduce the super-
Saturation of Nb at the slab straightening temperature, and hence
reduce the quantity of dynamically precipitated NbCN formed during
st"aishtening.

Strain rate is an important variable in controlling hot ductility as

demonstrateq by the results of chapter 10, and increases in strain
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rate are effective in improving hot ductility. The strain rate
during continuous casting is given by equations 2.1 and equation
2.2:-

€= tV/2RL .i.iieia...1101
Thus it can be seen that increases in the casting velocity, V,
and the slab thickness, t, and a decrease in the bending radius,
R, or gauge length, L, will result in an increase in the strain
Pate,é « However, to produce a significant improvement in
dUCtilitY typically requires an increase in strain rate by a factor
of 10. However, in commercial practise it is not feasible to

Produce such large variations in strain rate by altering V, t, R

or L.

182



1.4 RECOMMENDATIONS FOR FUTURE WORK

1.

Chapter 5 and 6 dealt with the influence of grain size on

hot ductility, but unfortunately only grain sizes less than

400 MUm were obtained. During .continuous casting grain size in
excess of 500 Mm are commonly obtained, and so there is a

need to examine the influence of extremely coarse grain sizes

on hot ductility.

In chapter 7, no conclusions could be drawn on the relative
importance of the static and dynamic precipitation of AlN,

due to the slow rate of AIN precipitation. Therefore, a

further study should be carried out, using either slower

cooling rates or longer holding times to encourage AIN pre-
cipitation, and using a steel with higher Al and N contents.

As discussed in chapter 9, a closer approximation of the cooling
conditions experienced during continuous casting woulq be
Produced by the use of an increased cooling rate after solidi-
fication, and by the introduction of temperature oscillations
during cooling. | l
In chapter 10, it was shown that both Ti and Ca are beneficia

to the hot ductility of samples heated directly to test
temperatures. of more relevance to the continuous casting
Process is the hot ductility after high temperature S°1Utl°“.
treatments. Therefore it is recommended that the hot ductility
©f C-Mn-Nb-A1 steels with Ti and Ca additions is examined after
high temperature solution treatment.

It was suggested in chapter 10 that the improvement in hot S
ductility associated with Ca additions was due to the lower -
levels present. To confirm this effect, it is recommended tha d
C-Mn-Al and C-Mn-Nb-Al steels with different S levels are tested.

recipitated
The reésults of chapter 7 indicate that dynamically P
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NbCN is more detrimental to hot ductility than the equivalent
static precipitates. As well as holding time prior to testing,
the proportions of static and dynamic NbCN is expected to be
influenced by the cooling rate from solution treatment
temperature. At present, only Mintz and Arrowsmith (1979)
appear to have investigated the influence of cooling rate on
the hot ductility of C-Mn-Nb-Al steels, so there is a need to
extend their work over a wider range of cooling rates.

In the present study, the hot ductility of C-Mn steels has

been investigated above and below the A, temperature. How-
ever, the hot ductility of micro-alloyed steels after cooling
from solution temperature was investigated only above the A,
temperature. Therefore, it is recommended that hot ductility
tests are performed on micro-alloyed steels below the Ar,
temperature to investigate the combined influence of precipi-
tation and transformation.

The recovery of hot ductility as the test temperature is raised
is often due to the onset of dynamic recrystallization. To
date, there appears to have been little work done on the volume
fraction or recrystallized material required to bring about-this
Fecovery in hot ductility. Measurement of these recrystallized
Volume fractions would be most easily made on fractured samples
of an austenitic stainless steel, which had been quenched

rapidly after fracture.
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APPENDIX 1

PROCEDURE FOR ELECTROPLATING (ANG,1982)

(4) Preparation of all chloride solution.

Required electrolyte composition: Nickel Chloride (Nicl,) =240 g/%
Boric Acid (H3BO3) = 30 g/
Exact amount of nickel chloride crystals (240g) and boric acid
powder (30é) were each weighed in a Toppan machine. To each
were added 1 litre of water. They were then mixed thoroughly

in a glass container to obtain the required all chloride solutiom.

(8) Calculation of time and current required for a plating thickness

of 100um.
For dimensions of specimen please refer to Appendix
Density of nickel =.0.0089 glmm3
Current density = 0.000538 ampl mm?
Z=12935,
Weight deposited = 2Lt =1

96500
Current Tequired = current density x surface area of specimen __ (2)

Weight of nickel deposited (in grams) = Density x Volume ____ (3)
Total surface area of specimen = 2{surface area (A)} +

2{surface area (B)} + surface area (C)

= 2{m(6.3)2+2m(6.3) (5.08) + %(12.62 - 7.62)

* 2{21(3.8)(6.35) + 7(7.67 - 5.047) + 27m(2.52)(25.4)

= 810.2 + 354 + 402.2

= 1566.4 mm?
From equation 2,
Total current required = 0.000538 x 1566.4

= 0.843 Ampere
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+ « Current required = 0.85A
Volume of nickel deposited = total surface area x thickness of
plating
= 1566.4 x 0.1
= 156.64 mm’
From equation (3),
Weight of nickel deposited = 0.0089 x 156.64
= 1.3941 grams
From equation (1),

1.3941 = _ZIt
96500

1.3941 x 96500
29.35 x 0.843

. o t =

= 5437.3 secs

1 hr 30 mins 37.2 secs

* + Time required for plating = 1 hr 31 mins.

©)

Procedure for Nickel Plating
Prior to plating, visual examination of the specimen is very
important to ensure that no oxide is present on the specimen.
Bt is necessary to abrade and then pickle the rolling oxides

in h
ot 10Z stob.

The procedure for nickel plating was as follows:

(1) Each specimen was ultrasonically cleaned for about 5 minuteg

(ii) The specimen was removed with the help of tongs and then
washed in warm running water.

(1ii) 10Z sodium hydroxide (NaOH) was heated in a beaker to
50-70°C. Anodic cleaning was carried out for 1 minute
at 0.2A with half of the specimen immersed in the solutioy
The specimen (anode) was connected to the positive

terminal of the supply and the nickel plate (cathode) to
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the negative terminal.

(iv) The specimen was then rémoved and washed with warm running
water.
) The same procedure was carried out on the other half of

the specimen.

(vi) The specimen was again removed and washed with warm running
water.
(vii) It was then immediately dipped in a 107 HC1l solution for

about 2 minutes.

(viii)  The cleaned specimen was then immersed in the plating
solution. Both the current and plating solution were
set at 0.84 and 60°C respectively. A magnetic stirrer
was used.

(ix) After about 1 hr the specimen was turned over to ensure
even plating. Total plating time was about 2 hrs.

(x) The specimen was then removed and blow dried.
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APPENDIX 2
—e e

RECENT PUBLICATIONS

In the months between the completion of the Literature Survey

of Chapter 2, and the final preparation of the thesis, a number

of relevant papers have been published, and these will be

discussed briefly.

Suzuki et al (1984) investigated the influence of strain rate

and composition on the hot ductility of C-Mn-Al and C-Mn-Nb-Al
Steels using Gleeble and Instron testing machines, the temperature
and strain rate ranges investigated being 600 - 1000°C and

5x5x 1073 g1 respectively.

Decreasing the strain rate from 5 to 5 x 107> s~ led to the
formation of a severe ductility trough for a C-Mn-Ab-Al steel,

in general agreement with previous work discussed in section 2.5.

C in the range 0.05 - 0.4% was shown to influence the degth and
Position of the ductility trough occurring in C-Al steels,
increasing C contents leading to lower reduction in area values,
and shifting the ductility trough to lower temperatures. This
Shift in position of the ductility trough was found to be consistent
"1th the change in Ar, temperature associated with the varying C
content. However, Maehara et al (1985) after testing a series of
C-Mn-Nb-A1 steels with C contents in the range 0.05 - 0.3 wt%
under similar test conditions to those of Suzuki et al, showed no
influence of ¢ content on reduction in area values, in agreement
“ith the results of Ouchi and Matsumoto (1982). Maehara et al
(1985) qiq show that C content had a significant affect on reduction
in area valyes of samples which had been cast 'in situ' immediately
Prior to testing. Hot ductility was reduced in the C range 0.10 -
0-15%, and this behaviour was explained in terms of the coarse

ature
ustenite grains formed in this C range, due to the high temper ,
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of austenite formation for these compositions.

Further results on the influence of C content have been presented
by Hannerz (1985), showing that in the temperature range 750 -
900°C, increasing C content from 0.07 to 0.28% C in a C-Mn-Al
Steel improved hot ductility, and this improvement was attributed
to the associated increase in the A, temperature.

Studies by both Suzuki et al (1984) and Hannerz (1985) indicated
that increasing N contents in C-Mn steels reduced reduction in
area values, and Hannerz also showed that increasing the product
Al x N broadened the ductility trough associated with the C-Mn-Al
Steels, in broad agreement with previous studies described in
Section 2.9. However, Suzuki et al reported that Al additions

to a C-Mn steel with 0.009%N actually improved hot ductility.

The work of Hannerz on the influence of Nb and Ti on the hot
ductility of C-Mn-Al and C-Mn-Nb-Al steels respectively confirmed
previous findings discussed in section 2.9, indicating that
Increasing Nb decreases hot ductility, whilst Ti improved hot
ductility.

The studies of both Hannerz and Suzuki confirmed the earlier
FePorts by Mintz and Arrowsmith (1979) on the influence of

P, by Showing a slight improvement in hot ductility with increasing
P in C-Mn and in C-Mn-Ab-Al steels.

Again, the results of Hannerz concerning the hot ductility of
C-Mn-A1-y steels, confirmed earlier work discussed in section 2.9,
nd showed a slight deterioration in hot ductility with increasing
V.

Both Hamnerz and suzuki et al investigated the influence of S on
hot ductility. Suzuki et al reported a slightly detrimental effect
°f S in C-Mn-A1 steels following solution treatment, but a very

MUch larger detrimental effect when the samples were melted prior
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to testing. However, Hannerz reported no influence of sulphur on
hot ductility in Gleeble tests, although analysis @f production
data indicated that S tended to promote transverse cracking.

The Gleeble results, however, were obtained from Al free steels,
and as the work of Heritier et al (1981) indicates, the presence
of both S and Al may be a pre-requisite for brittle failure.
Hannerz also reported no influence of Ce or Mo on the hot ductility

of C-Mn-Nb-A1l steels.
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APPENDIX 3

Some of the results presented in this thesis have been accepted
for publication in 'Materials Science and Technology'. These
results include the work published in Chapter 4, and together
with further work, the results of Chapter 9. The papers are to
be entitled 'Influence of Carbon on the Hot Ductility of Steels'
and the 'Hot Ductility of a Directly Cast C-Mn-Nb-Al Steel'.

i how over-
Letters of acceptance from the Institute of Metals are s

lear.
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